Deformation mechanisms and mechanical properties of hot rolled Fe-Mn-C-(Al)-(Si) austenitic steels by Phiu-on, Kriangyut
  
 
Deformation mechanisms and mechanical properties of 
hot rolled Fe-Mn-C-(Al)-(Si) austenitic steels 
 
 
Von der Fakultät für Georessourcen und Materialtechnik 
der Rheinisch -Westfälischen Technischen Hochschule Aachen 
 
zur Erlangung des akademischen Grades eines 
 
Doktors der Ingenieurwissenschaften 
 
 
genehmigte Dissertation 
 
vorgelegt von Master of Engineering 
 
Kriangyut Phiu-on 
 
aus Samutprakan, Thailand 
 
Berichter: Univ.-Prof. Dr.-Ing. Wolfgang Bleck 
          Univ.-Prof. Dr. rer. nat. Joachim Mayer 
 
Tag der mündlichen Prüfung: 27. August 2008 
 
Diese Dissertation ist auf den Internetseiten der Hochschulbibliothek online verfügbar 
  
Acknowledgement 
I would like to express my gratitude to my advisor, Prof. Wolfgang Bleck, 
for his guidance, active support and interest in this thesis. Furthermore, I 
owe my gratitude to my co-advisor, Prof. Joachim Mayer, and the 
chairman of the examination committee, Prof. Dieter Senk, for the 
interest in this work. I would like to thank Dr. Götz Heßling, academic 
director of IEHK, who has supported me since my first steps. I would like 
to thank Günter Leisten, Mrs. Christiane Beumers and Mrs. Martina 
Sparrer for their help in my activities in the Department. 
I would like to thank Horst-Dieter Schültze, Josef Römer, Jürgen 
Dartenne and Robert Gier for their support in experiments. Special 
thanks to all of my colleagues, especially Andreas Frehn, Evelin Ratte 
and Annetta Bäumer for our discussion for my research. I would like to 
thank Raimund Bülte, Sebastain Dziallach, Barbara Zeislmair, Silke 
Harksen, Florian Gerdemann, Kirsten Schneider and Thorsten Labudde 
for backing me up with experiments. My thanks to Vitoon Uthaisangsuk, 
Xiao Hui Cai and my master student Chaichan Duengkratok, who 
supported me during my research work. 
I am indebted to Dr. Alexander Schwedt of the Central Facility for 
Electron Microscopy (GFE), RWTH Aachen for the microstructural 
investigation by SEM with EBSD. For the companionship and the 
pleasant atmosphere in the office, I would like to thank my colleague 
Stefanie Angel, Corinna Thomser and Christian Klesen. 
Furthermore, from my first professional step, my thanks are due to 
Wikrom Vajragupta who encouraged me and helped me to come to 
Aachen. I would like to acknowledge the Department of Industrial 
Promotion, Ministry of Industry, Thailand for the award of scholarship 
that enabled me to undertake this research work in Germany. My last 
thanks are owed to my family and Nuch for their love and support and 
for their unwavering faith in me. 
 
 Kurzzusammenfassung 
Mechanische Eigenschaften hochmanganhaltiger austenitischer         
Fe-26.5Mn-3.6Al-2.2Si-0.38C-0.005B, Fe-30.0Mn-3.1Al-1.9Si und       
Fe-18.9Mn-0.62C-0.02Ti-0.005B (in Massen-%) Stähle nach 
verschiedenen Lösungsglühzyklen wurden untersucht. Die Resultate 
zeigen, daß das Lösungsglühen einen großen Einfluss auf Gefüge und 
mechanische Eigenschaften der untersuchten Stähle hat. Durch 
geeignetes Lösungsglühen kann das Produkt der Zugfestigkeit (Rm) und 
der Gesamtdehnung (A50) von Stahl im warmgewalzten Zustand von 
~40.000-55.000 MPa% auf bis zu ~55.000-65.000 MPa% abhängig von 
der Stahlzusammensetzung ansteigen. Ein Lösungsglühen bei einer 
sehr hohen Temperatur, z.B. bei 1100 °C für den Stahl Fe-18.9Mn-
0.62C-0.02Ti-0.005B, ergibt einen bedeutenden Anstieg im                    
ε-Martensitanteil während des Abschreckens. Dies verschlechtert die 
Duktilität des Stahls. Eine Lösungsbehandlung bei niedrigen 
Temperaturen im Austenitgebiet, z.B. bei 700 °C für den Stahl            
Fe-18.9Mn-0.62C-0.02Ti-0.005B, führt zu einer Abnahme der Korngröße 
des Stahls. Dies unterdrückt die ε-Martensitumwandlung während des 
Abkühlens. Farbätzungen und EBSD Messungen deckten die 
Mechanismen auf, die zur Gesamtplastizität der untersuchten Stähle auf 
der Mikroskala beitragen. Die Plastizität der Stähle Fe-26.5Mn-3.6Al-
2.2Si-0.38C-0.005B und Fe-30.0Mn-3.1Al-1.9Si wird hauptsächlich 
durch den TWIP Mechanismus unter den überprüften experimentellen 
Bedingungen bestimmt, während für den Stahl Fe-18.9Mn-0.62C-0.02Ti-
0.005B TWIP- und TRIP-Mechanismen mit verschiedener Intensität 
abhängig von der Temperatur des Zugversuchs auftreten. 
Für die Vorhersage des Verformungsmechanismuses wurde die 
Stapelfehlerenergie der untersuchten Stähle mit einem 
thermochemischen Modell berechnet. Die Resultate zeigen eine gute 
Übereinstimmung zwischen den vorausgesagten 
Verformungsmechanismen und den experimentell ermittelten 
Verformungsmechanismen. 
  
Abstracts 
Mechanical properties of high Mn austenitic Fe-26.5Mn-3.6Al-2.2Si-
0.38C-0.005B, Fe-30.0Mn-3.1Al-1.9Si and Fe-18.9Mn-0.62C-0.02Ti-
0.005B (in mass%) steels after different solution treatments were 
investigated. The results show that the solution treatment has a 
significant influence on microstructure and mechanical properties of the 
investigated steels. By appropriate solution treatment the product of 
tensile strength (Rm) and total elongation (A50) of the hot rolled steel can 
be improved from ~40000-55000 MPa% to ~55000-65000 MPa% 
depending on the chemical composition. A solution treatment with a very 
high temperature, e.g. at 1100 °C for the Fe-18.9Mn-0.62C-0.02Ti-
0.005B steel, results in a significant increase in the ε-martensite fraction 
during quenching. This deteriorates the ductility of the steel. A solution 
treatment at low temperature in the austenitic range, e.g. at 700 °C for 
the Fe-18.9Mn-0.62C-0.02Ti-0.005B steel, results in a decrease in the 
grain size of the steel. This suppresses the ε-martensitic transformation 
during cooling. Colour etchings and EBSD measurements revealed the 
mechanisms contributing to the overall plasticity of the investigated 
steels on the microscale. The plasticity of the Fe-26.5Mn-3.6Al-2.2Si-
0.38C-0.005B and Fe-30.0Mn-3.1Al-1.9Si steels is produced mainly by 
TWIP mechanism under the examined experimental conditions, whereas 
for the Fe-18.9Mn-0.62C-0.02Ti-0.005B steel TWIP and TRIP 
mechanisms occur with different intensity depending on the temperature 
of the tensile test. 
For predicting deformation mechanism the stacking fault energies of the 
investigated steels were calculated by using a thermochemical model. 
The results show a good correlation between the predicted deformation 
mechanisms and the experimentally determined deformation 
mechanisms. 
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Abbreviations 
 
AHSS Advanced high strength steels 
CI  Confidence index 
CR  Cold rolled 
CSL  Coincidence site lattice 
DSA  Dynamic strain aging 
DTA  Differential thermal analysis 
EBSD Electron backscatter diffraction 
FLD  Forming limit diagram 
GFE  Gemeinschaftslabor für Elektronenmikroskopie der RWTH 
 Aachen (Central facility for electron microscopy of RWTH 
 Aachen University) 
hcp  hexagonal close-packed 
HMS  High manganese steels 
HR  Hot rolled and air cooled 
HRC  Hot rolled and coiling simulated 
ND  Normal direction 
OIM  Orientation imaging microscopy 
PLC  Portevin-Le Chatelier 
RD  Rolling direction 
RT  Room temperature 
SEM  Scanning electron microscope 
SF  Stacking fault 
SFE  Stacking fault energy 
SIP  Shear band induced plasticity 
SRS  Strain rate sensitivity 
ST  Solution treated/solution treatment 
TB  Twin boundary 
TD  Transverse direction  
TRIP  Transformation induced plasticity 
TWIP Twinning induced plasticity 
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Symbols 
 
Symbol Unit  Description      __ 
 
A50  %  Elongation at fracture in tensile test: initial gauge  
length of the specimen = 50 mm 
Au  %  Uniform elongation in tensile test 
b   -  Magnitude of Burger′s vector 
d  µm  Mean grain diameter 
Λ
h   MPa  Strain hardening rate 
Md  °C  Temperature above which the austenite is stable, 
even when plastic strain is applied, no martensite 
transformation occurs. 
Md30  °C  Temperature at which 30% tensile deformation 
induces a transformation of 50 % of the austenite 
to martensite 
Md '30α→γ  
 
°C  Temperature at which 30% tensile deformation 
induces a transformation of 50 % of the austenite 
to α′-martensite 
Mf  °C  Martensite finish temperature 
Ms  °C  Martensite start temperature 
Ms 'α→γ   °C  Austenite to α′-martensite start temperature 
Msσ   °C  Temperature at which the first time strain- 
    induced martensite is formed 
n  -  Strain hardening exponent/(differential) n-value 
Re  MPa  Yield stress 
Rm  MPa  Tensile strength 
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Symbol Unit  Description      __ 
 
Rp0.2  MPa  0.2% proof stress 
TL  °C  Liquidus temperature 
TN   K  Néel temperature 
TNε   K  Néel temperature of epsilon-martensite 
TNγ   K  Néel temperature of austenite 
TS  °C  Solidus temperature 
τ  MPa  Shear stress 
µ  MPa  Shear modulus 
α  -  Alfa ferrite (bcc) 
α′  -  Alfa prime martensite (bcc or bct) 
ε  -  Epsilon or hcp martensite / true strain 
γ  -  Austenite/shear strain 
σ  MPa  True stress 
Ө  MPa  Shear strain hardening rate 
∆GA→M J/mol  Gibbs free energy of austenite to martensite  
transformation 
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1. Introduction 
1.1 High-manganese austenitic steels for cold forming 
High manganese steels composed of single phase austenite or multi 
phase with a large volume fraction of austenite can be divided according 
to characteristic phenomena occurring during plastic deformation into 
[1,2] 
- TRansformation Induced Plasticity (TRIP) steels 
- TWinning Induced Plasticity (TWIP) steels 
- Shear-band Induced Plasticity (SIP) steels. 
With the ability to add a large amount of alloying elements in the 
austenite matrix, the steels can exhibit a good combination of strength 
and formability. The product of tensile strength and total elongation of 
the steel is dependent on the volume fraction of austenite before 
deformation. With increasing the volume fraction of austenite the product 
of tensile strength and total elongation is increased. In addition, the 
density of the steel can be reduced by adjusting alloying elements such 
as Al. On the basis of this concept, new high strength steels with a 
density of about 7.3 g/cm3 can be achieved [1]. 
Typical mechanical property ranges of different steels are shown in 
Figure 1 [3]. It is obvious that advanced high strength steels (AHSS) 
offer higher strength values than high strength steels (HSS). 
Furthermore, the strength-ductility relationship of AHSS is improved 
compared with HSS. The recently developed high Mn steels show 
extraordinary strength-ductility relationships with a product Rm × A80 up 
to 50,000 MPa%. 
High Mn austenitic steels are expected to be attractive for automotive 
applications. The motivation for developing high Mn austenitic steels is 
shown in Table 1 [4]. 
High Mn austenitic steels are suitable for an application in the deep 
drawing process with a deformation more than 20 % in which high 
 Introduction  2 
 
TRIP/TWIP
 
Figure 1: Strength-elongation relationships for low carbon, high 
 strength, advanced high strength and high Mn steels 
Table 1: Motivation for developing high Mn austenitic steels 
Motivation/property Potential use in automobiles 
High strength Lightweight design: reduction of sheet thickness 
High formability Components with complex geometries 
High energy 
absorption 
Safety: crash-relevant components 
Cost reduction Replacement of cost-intensive materials (stainless 
steels, Al and Mg) or cost-intensive processes 
(hot forming) 
strength of the steels can be obtained from strain hardening. The benefit 
of high strength is reduced in fields of component forming with slight 
deformation because the potential of the material is not utilised. 
Potential use of high Mn steels in automotive applications is shown in 
(Figure 2). Besides an application aspect of the steels for lightweight 
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transportation by using high strength property, the steels are aimed to be 
used for: 
- crash-relevant parts, e.g. longitudinal beam, cross member in order to 
prevent passengers from front crashing and side crashing, 
respectively 
- high strength parts for high safety use, e.g. cowl that protects 
passengers and should be deformed as little as possible during 
crashing 
- other high strength parts, e.g. roof rail, A- and B-Pillar 
- complex geometry parts or parts with special properties, e.g. 
suspension dome that requires good fatigue property. 
 
cowl
B-Pillar
A-Pillar
roof rail
suspension dome
longitudinal beam
seat cross member
 
Figure 2:  Potential use for high Mn steels based on a medium-class 
 limousine [5] 
It is well-known that solution treatment (ST) has a significant influence 
on the carbide dissolution and mechanical properties of as-cast high Mn-
high C austenitic steels such as Hadfield steels. However, the 
knowledge about effects of solution treatment on mechanical properties 
of newly developed high Mn-C steel strip passed a high cooling rate 
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after hot rolling has been scarcely obtained. Therefore, an objective of 
this research is to investigate the effects of solution treatment on the 
mechanical properties of hot rolled Mn austenitic steels. In addition, the 
impact of the different deformation mechanisms on tensile properties 
was investigated by varying test temperature. At the end of this work 
effects of stress modes on formability were investigated by Nakajima 
tests and plotting forming limit diagrams (FLDs). 
1.2 Scope of the research 
The scope of this research covers the investigation of deformation 
mechanisms and mechanical properties of 3 hot rolled Fe-Mn-C-(Al)-(Si) 
austenitic steels. The research program consists of 
- the investigation of effects of different cooling methods after hot 
rolling, i.e. by water cooling and coiling simulation, and by air cooling, 
on the microstructure and mechanical properties, 
- the investigation of effects of solution treatment (ST) parameters, i.e. 
ST temperature and ST time on the microstructure and mechanical 
properties, 
- the investigation of effects of test temperature (at -40 °C, RT and   
100 °C) on the deformation mechanisms and mechanical properties, 
- the investigation of effects of stress mode on the formability by 
Nakajima tests with 5 specimen geometries, 
- the investigation of metallographic phases after solution treatment 
and after tensile test by using a light optical microscopy with colour 
etching, and a SEM with EBSD. 
1.3 Objectives of the research 
Scientific objectives of the research are 
- to investigate the influence of chemical composition, grain size, test 
temperature (that influence austenite stability) on deformation 
mechanisms and mechanical properties of high Mn austenitic steels, 
- to investigate the influence of Portevin-Le Chatelier (PLC) effect on 
the mechanical properties, 
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- to investigate the influence of stress mode on the formability of high 
Mn austenitic steel sheet by Nakajima tests and plotting forming limit 
diagrams. 
Industrial objectives of the research are 
- to investigate the influence of thermal treatment after hot rolling, i.e. 
by water cooling and coiling simulation, and by air cooling, on the 
microstructure and mechanical properties, 
- to determine suitable parameters for solution treatment of hot rolled 
high Mn austenitic steels. 
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2. Background 
2.1 Strengthening mechanisms in steel 
In order to produce high strength steels with Rm > 700 MPa, many 
strengthening mechanisms are considered. Different strengthening 
mechanisms in steel are summarised in Figure 3. The well-known 
strengthening mechanisms such as grain refinement, solid solution 
strengthening and precipitation strengthening can maintain high strain 
hardening rates mainly at low strain levels and are difficult to be used in 
order to achieve high strength together with excellent ductility. For 
austenitic steels with low-to-modulate stacking fault energy (SFE) 
additional strengthening mechanisms such as transformation induced 
plasticity (TRIP) and twinning induced plasticity (TWIP) can take place 
during deformation, which results in high strain hardening rates, even at 
high strain values, and inhibit necking. The deformation induced 
plasticity mechanisms are presently interesting research topics.  
Dynamic strain aging
F
F
e.g. carbide
Precipitates
Stacking faults
Dislocation glide
e.g. Si, C and N
Solutes
TRIP (TRansformation 
Induced Plasticity)
Martensite
TWIP (TWinning 
Induced Plasticity)
Deformation twins
Dislocation pile-up
 
Figure 3:  Plastic deformation and possible strengthening mechanisms 
 in steel (modified from [6]) 
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2.2 Stacking sequence of close-packed planes in the fcc lattice 
In face centred cubic (fcc) metals and alloys the stacking sequence of 
close-packed planes is structured as shown in Figure 4. The atoms of 
the second layer (B) sit in the holes formed by the atoms of the first layer 
(A). The atoms of the third layer are placed in positions labelled C and 
the structure is repeated (ABCABCABC). If the third layer is placed 
directly over the atoms of the first layer (A) and the structure is repeated 
(ABABAB), the hexagonal close-packed (hcp) structure is obtained. 
The formation of strain-induced ε-martensite is usually explained using 
the following model. Considering the ABCABCABC stacking of close-
packed planes in fcc metals (Figure 4); when a Shockley partial 
dislocation passes through a B plane and a C plane in the material, the 
slipped material is shifted in such a way that a C plane comes into the 
original A position, an A plane comes into the original B position, a B 
plane comes into the original C position, and the result structure is 
ABABCABCA. This means that a small area with hcp stacking is formed 
within the fcc material [7]. 
 
Figure 4: Stacking sequence of close-packed planes in the fcc lattice 
2.3 Constituent phases in Fe-Mn binary system 
The Fe-Mn binary diagram including the phase transformations and 
magnetic properties is shown in Figure 5. The microstructure of a Fe-Mn 
alloy can be composed of various phases at room temperature 
depending on the manganese content in the alloy. It can be 
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characterised by the volume fractions of the austenite (γ), hcp martensite 
(ε), bcc martensite (α′) and bcc ferrite (α) component phases. The 
mechanical properties of the alloy are strongly influenced by its initial 
component phases and their changes during deformation. At high 
temperature, only austenite phase is present. The γ→ε and ε→γ 
transformation temperatures are decreased with increasing Mn content. 
The Néel temperature of austenite in which the paramagnetic state 
changes to the antiferromagnetic state is increased with increasing 
manganese content in the alloy. 
It should be noted that the symbol α′ used in this present thesis can be 
bcc-martensite or bct-martensite. This makes it easier to be noticed the 
difference between martensite (α′) and ferrite (α) in the following figures. 
γ - Fe
wt.% Mn
T 
(° C
)
TNéel
γ - Fe
anti-ferromagnetic
Ashcp=>fcc
Msfcc=>hcp
Asbcc=>fcc
Msfcc=>bcc
TCurie
ferromagnetic
α - Fe
Equilibrium phase diagram
200
300
400
500
600
700
800
900
0 5 10 15 20 25 30 35 40
T 
(° C
)
T 
(° C
)
T 
(° C
)
 
Figure 5:  Fe-Mn binary system - main structural phase transformation 
 and magnetic properties [8] 
 
 
 Backgroud  9 
 
2.4 Deformation mechanisms of steel by cold forming 
2.4.1 Slip by dislocation glide 
Slip by dislocation glide is a deformation mechanism that occurs when in 
a crystal lattice a surface in a crystallographic slip plane glides over a 
distance in a certain direction along the plane. Generally, the slip plane 
will be a plane of greatest atomic density (close-packed plane, cpp) and 
the slip direction will be the close-packed direction (cpd) within the slip 
plane. The direction together with the slip plane is called the slip system 
and it is specific for a crystal structure. In fcc materials primary slip 
occurs on {111}-planes in <110>-type directions [6]. 
In fcc crystals a perfect dislocation along <110>-type direction can 
dissociate into two partial dislocations along two different <112>-type 
directions. In Figure 6 the vectors from B→C and C→B are b2= 61 [2-1-1] 
and b3 = 61 [11-2], respectively. These partial dislocations are known as 
Shockley partials. It is advantageous for a perfect dislocation with 
Burger’s vector b1 = 21 [10-1] to split into two partial dislocations with 
Burger’s vectors b2 and b3. The reaction b1 → b2 + b3 is indeed 
energetically favourable.  
A
A
A
A
A
A A
B
B
B
C
C C
b2 b3
b1
 
Figure 6: Schematic representation of slip on a {111} plane, [10-1] 
 direction in a fcc crystal [9] 
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Stacking fault energy (SFE) is an important parameter that has a major 
influence on the deformation behaviour of the fcc materials, especially 
with respect to the strain hardening behaviour. High SFE fcc materials 
containing perfect dislocations facilitate cross-slip resulting in dislocation 
tangles and cell-like structures [6]. The ability for cross-slip can be 
expressed by a parameter q also denoted as normalized SFE [10]: 
q =SFE/(µb)       (Eq. 1) 
where µ, is the shear modulus, is a measure for the ease of slip by pure 
dislocation glide, and b is the magnitude of Burger’s vector. The lower q, 
the higher the stress is needed to cross slip. 
2.4.2 Transformation induced plasticity (TRIP) 
Martensitic transformations occur in metals that undergo phase 
transformations. The main driving force for a martensitic reaction is the 
chemical free-energy difference between the two phases: the parent 
phase and the product phase. Many kinds of martensitic transformation 
can take place in high-alloyed steels during cooling or during plastic 
deformation, e.g. γ→α′, γ→ε, ε→α′ [8, 11]. 
During martensitic transformations the volume and the crystal orientation 
are altered. The γ→ε transformation causes a volume decrease resulting 
in a tensile stress, while the ε→α′ transformation causes compressive 
stress by a volume increase. After small amounts of ε-martensite have 
formed in the austenite, the residual tensile stress state is reduced when 
a part of this ε-martensite has transformed into α′-martensite [12]. The 
orientation relationships between fcc and hcp are that fcc {111}γ and 
hcp {0001}ε, as well as fcc <1-10>γ and hcp <-12-10>ε are parallel [13]. 
In the case that the ε-martensite transforms further into α′-martensite, 
the orientation relationships show that bcc {011}α′
 
and hcp {0001}ε, as 
well as bcc <111>
α′ 
and hcp <-12-10>
ε 
are parallel [14]. 
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• Martensitic transformation temperatures 
One of the key features to make use of the TRIP effect is to control the 
transformation behaviour of austenite to martensite during deformation. 
Three temperatures Ms , Msσ  and Md30 are often used to describe the 
austenite stability (Figure 7): 
Ms    = the temperature at which the athermal martensite 
 transformation begins 
Msσ    = the temperature at which the first time strain-induced 
 martensite is formed 
Md30 = the temperature at which 30 % tensile deformation induces 
 a transformation of 50 % of the austenite to martensite 
The Md30 temperature is widely used to describe the stability of austenitic 
stainless steels because of the difficulty of experimentally determining 
the Md temperature. The Md30 temperature can be calculated according 
to several empirical formulae that are based on the chemical 
composition. Formulae for calculating M 's αγ→  and M '30d αγ→  temperatures 
from literature are shown in Table 2. 
 
Figure 7:  Schematic representation of stress-assisted and strain-
 induced regimes of mechanically induced martensitic 
 transformation [15] 
 Background  12 
 
Table 2: Formulae for predicting Ms 'α→γ  and Md '30α→γ  temperatures 
Author Formula Unit 
De Cooman, 
B.C. et 
al.[16] 
Ms = 300-475∗(%C)-33∗(%Mn)-17∗(%Ni)-
21∗(%Mo)-11∗(%Si)-11∗(%W) 
°C 
Bavay [17] Ms = 502-810∗(%C)-13∗(%Mn)-12∗(%Cr)-
30∗(%Ni)-6∗(%Mo)-54∗(%Cu)-1230∗(%N) 
°C 
Payson and 
Savage [18] 
Ms = 499-308∗(%C)-32.4∗(%Mn)-27∗(%Cr)-
16.2∗(%Ni)-10.8∗(%Mo)-10.8∗(%Si)-
10.8∗(%W)+10∗(%Co) 
°C 
Angel [19] Md30 = 413-462∗(%C+%N)-9.2∗(%Si)-
8.1∗(%Mn)-13.7∗(%Cr)-9.5∗(%Ni)-18.5∗(%Mo) 
°C 
Bavay [17] Md30 = 497-462∗(%C+%N)-9.2∗(%Si)-
8.1∗(%Mn)-13.7∗(%Cr)-20∗(%Ni)-18.5∗(%Mo) 
°C 
The relationship between calculated Md30 temperature and the uniform 
elongation values for cold rolled strip of stainless steel 1.4301 was 
studied. It can be concluded that there exists an optimum temperature 
about 30 °C to 35 °C (Md30 values) for forming the steel at RT. At higher 
temperatures no significant TRIP effect occurs, at lower temperatures 
the transformation occurs too spontaneous [20]. 
2.4.3 Twinning induced plasticity (TWIP) 
Twinning mechanism is one of the most interesting topics for developing 
high strength steels with good ductility. The occurrence of twinning in 
steels is dependent on several factors; inherent steel properties (e.g. 
chemical composition and grain size) and deformation conditions (e.g. 
temperature and strain rate) [21]. 
Twins are characterised by a “mirror plane” separating a crystal in two 
symmetrical parts. Figure 8 shows a twin representation where the 
mirror plane B is marked. 
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                mirror plane 
Figure 8: Stacking sequence of close-packed planes of twinned fcc 
metals [14] 
Annealing twins are often observed in austenitic steels. However, 
twinning can also take place during plastic deformation of austenitic 
steels with low SFE. Twinning boundaries are considered as slip 
obstacles to provide strengthening. It is believed that some micro-slip 
takes place before twinning, even though this slip might be difficult to 
detect afterwards [22]. 
2.4.4 Dynamic strain aging (DSA) 
Dynamic strain aging is a phenomenon occurs in some materials during 
plastic deformation. This phenomenon is believed to originate from 
interactions between mobile dislocations and solute atoms. So, alloys 
with solid solution strengthening may undergo dynamic strain ageing. 
DSA is known to lower the strain rate sensitivity. 
The strain rate sensitivity (SRS) of materials is defined as the derivative 
of the flow stress with respect to the strain rate. SRS is determined by 
the parameter, m = ∂σ/∂log •ε . Most materials exhibit positive SRS. This 
behaviour is desirable in forming applications as the deformation is 
stable. However, m may become negative under certain temperature 
and strain rate conditions. This leads to material instabilities during 
plastic deformation, which is related to the occurrence of serrated 
yielding associated with the Portevin-Le Chatelier (PLC) phenomenon. 
The detrimental influence of the PLC phenomenon on ductility and strain 
localization is well known. 
During DSA dislocations are temporarily arrested at obstacles that are 
overcome by thermal activation. During the arrest time ta (i.e. the ageing 
time), DSA leads to an increase in the pinning strength [23]. Solute 
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accumulation at dislocations takes place also in the unloaded material, 
which leads to the well-known static ageing effect and the yield point 
phenomenon. 
• Types of serrations due to DSA 
Five types of serrations due to DSA studied by Rodriguez are shown in 
Figure 9. The characteristics of the individual serration types and the 
experimental conditions that produce them are represented as follows: 
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Figure 9: Types of serrations due to DSA [24] 
(i) Type A serrations are periodic serrations. These are characterised 
by an abrupt rise followed by a drop to below the general level of 
the stress-strain curve. They occur in the low temperature (high 
strain rate) part of the DSA regime. 
(ii) Type B serrations oscillate about the general level of the stress-
strain curve and occur in rapid succession of localized deformation 
bands. Type B serrations often develop from those of type A with 
increasing strain (Figure 9 inset) or occur at the onset of serrated 
yielding at high temperatures and low strain rates. 
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(iii) Type C serrations are yield drops that occur below the general 
level of the stress-strain curve and are therefore considered to be 
due to dislocation unlocking. They occur at higher temperatures 
and lower strain rates than in the case of types A and B serrations. 
(iv) Type D serrations are plateaus in the σ-ε curve due to band 
propagation similar to Lüders band with no strain hardening ahead 
of the moving band front. 
(v) Type E serrations generally appear at high strains. This serrations 
are similar to type A serrations, but with little or no strain hardening 
during band propagation. 
• Influence of chemical composition 
In austenitic Fe-Mn-C and Fe-Mn-Al-C steels, serrated flow in tensile 
tests caused by dynamic strain aging (DSA) due to diffusion of solute 
atoms to dislocations during the tests and existing in a particular 
temperature range has been reported by Shun et al. [25]. Serrated flow 
was observed within the intermediate temperature range from 298 to 
493 K for Fe-30%Mn-1%C steel and from 393 to 593 K for Fe-30%Mn-
2.7%Al-1%C steel. The aluminium addition was attributed to reduce 
carbon diffusivity and thereby move serrated flow to higher temperatures; 
this inhibits serrated flow at room temperature. 
• Influence of grain size 
It has been reported that the DSA temperature region gets shifted to 
higher temperatures with increasing grain size [24]. This indicates that 
grain boundary regions are preferred sites for dynamic strain aging. 
• Influence of deformation temperature 
Besides the chemical composition, serrated flow is also dependent on 
deformation temperature. Figure 10 shows the temperature dependence 
of the critical strain for the onset of serrated flow in Fe-28%Mn-9Al-xC 
alloys investigated by Zhu and Tjong. It is obvious that the dependence 
tends to change over from a positive to a negative slope with increasing 
temperature. Such a change corresponds well with the shift of the type 
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of serrations, i.e. the slope is positive for types A and type B serration 
domains but it is negative for the type C and D serration domains. 
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Figure 10: Temperature dependence of the critical strain for the 
 serrated flow in Fe-28%Mn-9Al-xC alloys under a strain 
 rate of 1.5 x 10-3 s-1 [26] 
2.5 Influence of material parameters on deformation mechanism 
2.5.1 Free energy of phase component 
A relationship between temperature and Gibbs free energy for austenite 
to martensite transformation is shown in Figure 11. The minimum driving 
force required for a martensitic transformation (∆GA→M) corresponds to 
the difference of chemical free energy between austenite and martensite 
at the Ms temperature. In the temperature range above Ms and below Md 
where no transformation is observed, the strain-induced transformation 
can occur when the sum of chemical driving force ∆GChem, given by the 
difference between the free energy of each phase, and an additional 
mechanical driving force ∆GMech due to deformation exceeds the 
minimum chemical driving force ∆GA→M. Here, the total driving force 
defined by Stringfellow et al. [27] is expressed as 
g = ∆GChem + ∆GMech            (Eq. 2) 
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Figure 11:  Relationship between Gibbs free energy and temperature 
 for austenite to martensite transformation 
2.5.2 Stacking fault energy (SFE) 
The stacking fault energy is defined as the difference in energy per unit 
fault area between the faulted and perfect structures. The SFE gives an 
indication of the deformation mechanism. With an increasing value of the 
SFE of the Fe-22wt.%Mn-0.6wt.%C alloy, plasticity is achieved by:         
(i) dislocation gliding and martensitic transformation, (ii) dislocation 
gliding and mechanical twinning, and (iii) dislocation gliding [28 ]. In 
addition it has been reported that for stacking fault energy lower than   
15-20 mJ/m2, martensitic transformation takes place [ 29 ], while for 
stacking fault energy between 20-40 mJ/m2 deformation twinning takes 
place [30]. 
Empirical formulae for calculating SFE from chemical composition are 
shown in Table 3. However, the accuracy of calculated SFE is 
dependent on the kinds and ranges of investigating alloying elements in 
which the formula of SFE calculation is considered. 
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Table 3: Empirical formulae for calculating SFE at room temperature 
 Formula Reference 
SFE 
(mJ/m2) 
25.7+2 (%Ni)+410 (%C)-0.9 (%Cr)-77 (%N)-13 
(%Si)-1.2 (%Mn) 
Pickering 
[31] 
SFE 
(mJ/m2) 
SFE0+1.59(%Ni)-1.34(%Mn)+0.06(%Mn)2-
1.75(%Cr)+0.01(%Cr)2+15.21(%Mo)-5.59(%Si)-
60.69(%C+1.2%N)1/2+ 26.27(%C+1.2%N)x 
(%Cr+%Mn+%Mo)1/2+0.61[%Nix(%Cr+%Mn)]1/2; 
where SFE0 = 36-42 mJ.m-2  
Dai et 
al.[32] 
Recently, Dumay et al. proposed a model for calculating SFE of high Mn 
steels. The model considers alloying elements i.e. Fe, Mn, Al, Si, Cr, Cu 
and C, temperate and magnetic state of phases. The result when adding 
individual elements to the Fe-22%Mn-0.6%C base steel is shown in 
Figure 12. Aluminium and copper increase the SFE, while chromium 
decreases the SFE. Silicon has a complex effect as small quantities 
increase and large quantities decrease the SFE. 
It is well known that SFE is increased with temperature. Dai et al. [33] 
suggested an approximation of SFE as a function of temperature: 
SFE = SFE1+ 0.07 (T-T1)     (Eq. 3) 
with SFE1 being the SFE at room temperature T1. This corresponds to 
the review by Rémy and Pineau [ 34 ] that for different chemical 
compositions the temperature coefficient of the SFE is consistently 
between 0.05 and 0.1 mJ/(m2K). 
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Figure 12:  Predicted influence of alloying elements on the SFE of the 
 Fe-22%Mn-0.6%C steel [35] 
2.5.3 Magnetic transition temperature 
Both γ and ε phases have their own Néel temperatures (transition 
temperature between the paramagnetic and antiferromagnetic states). 
The magnetic state may influence the phase stability. At room 
temperature, normally, the ε phase is antiferromagnetic and the 
austenite is either paramagnetic or antiferromagnetic. Below the Néel 
temperature TN the thermal expansion coefficient of the austenite is only 
about a half magnitude of the one above the Néel temperature [36] and 
its entropy is reduced by magnetic ordering [37]. These phenomena 
decrease the free energy of austenite and stabilise the austenite against 
phase transformation [14].  
Figure 13 shows the transition temperatures of Fe-Mn alloys. It is 
obvious that Ms temperatures of the alloys with antiferromagnetic 
austenite (under TN) are rapidly decreased because of the influence of 
the magnetic stabilising effect. 
 Background  20 
 
wt % Mn
Te
m
pe
ra
tu
re
,
 
K
0 10 20 30 40
300
400
500
600
As
Ms
TNfcc
exp.Ms
exp.As
Neel temp.
cal. Ms
cal.AsTe
m
pe
ra
tu
re
,
 
K
 
Figure 13:  Experimental and calculated fcc ↔ hcp martensitic 
 transformation temperatures Ms and As in the Fe-Mn 
 system [38] 
Formulae for predicting Néel temperature (TN) are shown in Table 4. 
Manganese raises the Néel temperature of austenite and lowers the γ→ε 
martensitic transition temperature Ms [39]. 
Table 4: Formulae for predicting Néel temperatures of austenite and  
 ε-martensite 
 Formula Reference 
TNγ  (K) 250 ln(XMn)−4750XCXMn−222XCu−2.6XCr 
−6.2XAl-13XSi+720; where X is the molar 
fraction of element 
Dumay et 
al. [35] 
TNγ  (K) 251.71+6.81Mn-11.51Al-2.72Cr-15.57Si 
-17.4C (at.%) 
Zhang et al. 
[40] 
TNε  (K) 580XMn; where XMn is the molar fraction of Mn Huang [41] 
2.5.4 Grain size 
Grain size also has an influence on austenite stability. Jun and Choi 
investigated the volume fractions of ε-martensite and Ms temperatures 
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as a function of average grain size (AGS). The result is shown in Figure 
14. It is easily noticeable that the Ms temperature and volume fraction of 
ε-martensite are steeply increased with increasing AGS up to 35 µm, 
and gradually increased in larger austenite grains. The increase of Ms-
temperature with increasing austenite grain size was also observed in 
other papers, e.g. by Durlu [42]. 
 
Figure 14: Variation of Ms temperature and volume fraction of  
 ε-martensite with austenite grain size in Fe-18%Mn 
 alloy [43] 
Volosevich et al. investigated the effect of austenite grain size on the 
SFE of the Fe-17.8 wt.%Mn-0.47 wt.%C alloy. It was found that the SFE 
is increased as the austenite grain size is decreased, particularly below 
5 µm (Figure 15). The authors explained that the increase in SFE as 
decreasing austenite grain size may be due to the increase in 
disequilibrium concentration of carbon in the solid solution when the 
alloy is quenched from a low temperature soaking or after a short 
soaking period to obtain the small austenite grain size. In addition the 
dissociation of dislocation may be influenced by internal stress, which 
varies in magnitude according to the austenite grain size. 
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Figure 15: SFE as a function of the austenite grain size in Fe-17.8%Mn-
 0.47%C alloy [44] 
Varma et al. [45] investigated the effect of grain size on the strain-
induced  α′-martensite transformation during tensile and cold rolling 
deformation of AISI 304 and 316 steels. The transformation was found to 
be enhanced by large grain size. This finding is in agreement with the 
formula to calculate the Md30 temperature by Nohara et al. [46], which 
indicates that the Md30 temperature is increased with increasing grain 
size. 
2.6 Influence of forming parameters on deformation mechanism 
2.6.1 Temperature 
Deformation temperature has an influence on austenite stability, thus it 
is a parameter to control deformation mechanisms. Austenite phase of 
steel at high deformation temperatures is stable and do not transform or 
twin even applying plastic deformation. The influence of deformation 
temperature on the kinetics of strain induced plasticity mechanism was 
investigated by Choi et al [47]. The results show that with increasing 
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deformation temperature the fraction of strain-induced ε-martensite and 
the fraction of deformation twin during uniaxial tensile deformation of Fe-
24.1%Mn-0.12%C steel are reduced. This behaviour is normally 
attributed to the decrease in the chemical driving force ∆GA→M with 
increasing temperature, as indicated in Figure 11. 
2.6.2 Strain rate 
Ferreira et al. [48] found that high strain rates induce the formation of 
stacking faults and twin structures, enhance the tendency for ε-
martensite formation, and suppress the α′-martensite transformation in 
AISI 304 steel. The increase of twin structures at high strain rates was 
explained by an easy nucleation of partial dislocations at high strain 
rates. Therefore, it would be a preferential deformation mode compared 
to the movement of perfect dislocations. The suppression of the strain-
induced α′-martensite transformation was attributed to adiabatic heating 
produced during electromagnetic forming. 
Rohatgi and Vecchio [49] observed that under shock loading (strain 
rates on the order of 105-108 s-1) it is possible to form twins in high SFE 
fcc materials that won't form twins under static conditions (ε′ < 10-2 s-1). 
2.6.3 Stress mode 
Han et al. proposed a model to describe TRIP behaviour under various 
stress modes. The predicted Msγ→α temperatures from the model are 
agreed with the experimentally determined Msγ→α′ temperatures under 
the conditions of uniaxial tension, uniaxial compression and hydrostatic 
pressure investigated by Patel and Cohen as shown in Figure 16. In 
case of uniaxial tension and compression, it can be seen that Msγ→α′ 
temperature is linearly raised by the increase in applied stress. The 
increase of Msγ→α′ temperature by tensile stress is larger than that by 
compressive one. The raising of Ms temperature even by uniaxial 
compression is explained on the basis of the existence of one 
compressive axis for the martensitic transformation in the Bain distortion. 
Under hydrostatic pressure, Msγ→α′ temperature is lowered with the 
increase in pressure. It can be described that the hydrostatic pressure 
suppresses the volume expansion due to the transformation.  
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Figure 16: Change of Msγ→α′ temperature as a function of external stress 
 under various stress conditions. Lines and symbols indicate 
 the calculated and measured ones, respectively [50] 
2.7 Analysis of strain hardening from stress-strain curve 
2.7.1 Strain hardening exponent and strain hardening rate 
Strain hardening is represented by the exponent n in the flow stress 
equation, which approximates the relation between true stress and true 
strain during plastic deformation of a metal. The flow curve of many 
metals in the region of uniform plastic deformation can be expressed by 
the simple power curve relation (equation 4): 
σ = K.εn                                          (Eq. 4) 
where σ is the true stress, ε is the true strain and K is the strength 
coefficient. 
A log-log plot of true stress and true strain up to maximum load will 
result in a straight line (Figure 17). The linear slope of this line is n, and 
K is the true stress at ε = 1.0. (see Figure 18). For most metals n has 
values between 0.10 and 0.50 [51]. 
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Figure 17: Log/log plot of true stress-strain curve 
 
Figure 18: Various forms of power curve σ = K εn 
The strain hardening exponent (n) can be described by equation 5. The 
n-value is evaluated from the slope of a log (σ) - log (ε) plot. Thus, n-
value is also called “differential n-value”. The larger the n value, the 
larger the material can elongate before necking. Rearranging allows a 
determination of the strain hardening rate ( Λh ) at a given stress and strain 
described by equation 6. 
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                                                                                                         (Eq. 5) 
 
Λ
h   =                                                                                                              (Eq. 6)
The strain hardening rate equals to the slope of the true stress-true 
strain curve. 
2.7.2 Strain hardening behaviour of fcc metals deformed by slip 
Nes [52] reviewed the flow curve at relatively low temperatures, T < (0.3-
0.4)Tm, and divided it into four stages as indicated in Figure 19 a). It is 
assumed that a multiple-slip situation applies for all strains, i.e. stage I 
strain hardening will be ignored. The various stages of strain hardening 
are distinguished on a diagram of Ө vs τ where Ө = δτ/δγ, Figure 19 b), 
a plot commonly referred to as a Kocks-Mecking diagram. 
Stage II is characterised by a linear strain hardening rate Ө ≈ µ/200 (for 
multiple-slip) which is only weakly sensitive to temperature and strain 
rate (except for the temperature dependence of the shear modulus, µ). 
Stage III begins when the flow deviates from linearity. This stress, τIII, is 
strongly dependent on strain rate and temperature. This stage 
associates with a thermally activated process where the rate controlling 
reaction is generally believed to be cross slip. 
Stage IV is easily distinguished from the Ө-τ plot (Figure 19 b)). In the 
strain hardening curve this stage often appears with a linear hardening 
rate (although deviation from linearity is frequently observed) with ӨIV ≈ 
2.10-4µ. Another characteristic aspect associated with the temperature 
dependence of stage IV and indicated in Figure 19 b) is that ӨIV is 
linearly dependent on τIV (i.e. ӨIV = CIVτIV), CIV typically having a value of 
0.1. 
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Figure 19: a) Schematic stress-strain curves and b) strain hardening (Ө) 
 vs flow stress (τ) curves for fcc metals [52] 
2.7.3 Strain hardening behaviour of fcc metals deformed by TRIP 
Talonen [53] investigated the strain hardening behaviour of an unstable 
austenitic stainless steel grade and divided it in four stages. Figure 20 
presents the strain hardening stages of the EN 1.4318-2 steel strained at 
3×10-4 s-1 at 24 °C as a function of true strain. The corresponding 
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Figure 20:  Strain-hardening rate of EN 1.4318-2 steel strained at strain 
 rate 3×10-4 s-1 at 24°C divided in four stages and 
 corresponding volume fraction of α′-martensite as a function 
 of true strain [53] 
α′-martensite volume fractions are shown with circles and dashed line. 
Each strain hardening stage will be described in detail as follows: 
- During the stage I the strain hardening rate is rapidly decreased, and 
reaches lower level than in stable steel at the same plastic strain. 
This is caused by the onset of the α′-martensite transformation. 
- During the stage II the α′-martensite volume fraction is increased. 
This results in an increase in strain hardening rate with increasing 
plastic strain. During the stage II the α′-martensite particles act as 
hard undeformable dispersions embedded in the softer austenite 
matrix, and enhance the dislocation generation in the austenite phase 
due to the non-homogeneous plastic deformation. 
- During the stage III the hard α′-martensite phase forms a percolating 
cluster. Thereafter, also the α′-martensite phase must deform in order 
to accommodate the shape change of the aggregate. Consequently, 
the strain hardening rate is continuously increased with increasing 
plastic strain and α′-martensite volume fraction 
SHR 
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- During the stage IV the strain hardening rate is decreased. In the 
most cases the stage IV began when the α′-martensite volume 
fraction reached about 0.7. Therefore, during the stage IV the 
aggregate consists mainly of the α′-martensite phase, and the 
material behaviour starts to resemble the behaviour of a single phase 
material.  
The strain-induced α′-martensite transformation affects the uniform 
elongation through its influence on the strain-hardening rate. 
2.7.4 Strain hardening behaviour of fcc metals deformed by TWIP 
Asgari et al. [54] investigated the microstructure of MP35N (35%Ni-
35%Co-10%Mo-20%Cr) by compression tests for different strain values, 
and proposed a model of four stages of strain hardening in simple 
compression (Figure 21). These distinct stages of hardening for the low 
SFE alloys have been labeled as A, B, C, and D. The first regime, stage 
A (Figure 21), is found to be very similar to the dynamic recovery regime 
(stage III), except that this stage only lasts up to very small strains. This 
recovery stage is followed by stage B, a regime of approximately 
constant strain hardening. Stage B is followed by stage C, a second 
regime of decreasing strain hardening rate. Stage C is interrupted at 
high strains by stage D, a second constant hardening stage. It is 
important to recognise that the strain hardening rate in stage D is 
significantly higher than the strain hardening rate typically observed in 
stage IV hardening of higher SFE metals. 
The similar characteristics of four stages of strain hardening of low SFE 
fcc metals is also found in the strain hardening rate-stress diagram (see 
Figure 22). The differences in the strain hardening behaviour of medium 
to high SFE fcc metals (plastic deformation by slip alone) and the low 
SFE fcc metals (plastic deformation by combined slip and twinning) have 
been recognised in many experimental studies. 
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Figure 21:  The four stages of strain hardening with the proposed 
 mechanisms in simple compression of MP35N [54] 
 
Figure 22: Schematic representation of strain hardening regimes in 
 polycrystalline fcc metals [55] 
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• Strain hardening model by Kalidindi [55] 
The models of strain hardening of the medium to high SFE metals 
deformed by slip have been described in literature using saturation-type 
strain hardening laws. In these models the strain hardening rate in stage 
III (see Figure 22) is assumed to decrease continuously with increasing 
value of the deformation resistance and is assumed to approach a value 
of zero (the extremely low strain hardening rates in stage IV are usually 
ignored in these models) when the deformation resistance approaches a 
pre-defined saturation value of the deformation resistance. A simple 
description of the saturation-type hardening law can be provided as 
Λ
h (S) = ho(1-S/Ss)         (Eq. 7) 
where 
Λ
h (S) represent the strain hardening rate, ho is the initial hardening 
rate (when stress (S) is typically much smaller compared to Ss), and Ss 
denotes the saturation value of the deformation resistance. 
Since the strain hardening of a metal is dependent on dislocation pile-
ups and storage, an increase of twin boundaries (similar to grain 
boundaries) per volume during deformation should contribute additional 
strain hardening. 
Kalidindi proposed a model of strain hardening for metals deformed by 
slip and twining in order to capture the four-stage strain hardening 
response as shown in Figure 22. The author introduced additional 
parameters to increase the saturation value of the deformation 
resistance by twinning as follows: 
Ss = Sso + Sptw tanh((S - Sotw)/Str) + <S - Sitw>   (Eq. 8) 
where Sso, Sotw, Sptw, Str, and Sitw are material hardening parameters. 
The definition of these parameters is illustrated in Figure 23. Sso 
represents the value of the saturation deformation resistance in absence 
of deformation twinning. In Figure 23, this represents the point where the 
extrapolated stage-A strain hardening curve would intersect the x-axis. 
sotw denotes the deformation resistance at the onset of deformation 
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twinning and equals to the stress at the onset of stage-B (Figure 23). 
Sptw represents the net increase in the saturation value of the 
deformation resistance due to primary twinning (a set of parallel twins 
covering a large fraction of the grain by activation of one twin system 
[54]). The value of the tanh function ranges from zero to one, and 
therefore the maximum value of the second term on the right-hand side 
of Eq. 8 is Sptw. The value of Sptw can be estimated from the difference in 
the x-axis intercepts of stage C and stage A (Figure 23). The angle 
brackets in Eq. 8 define the following function: 
 
Figure 23: Schematic description of the physical significance of the 
 material hardening parameters in the model by             
 Kalidindi [55] 
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<a> = a if a ≥ 0; 
<a> = 0 if a < 0          (Eq. 9) 
Therefore, the second term in Eq. 8 contributes only after the 
deformation resistance of the metal exceeds the value needed for 
initiation of deformation twinning. Str defines the transients in the 
saturation deformation resistance due to primary twinning. For example, 
a larger value of Str would signify a slower increase in the saturation 
deformation resistance for a given metal. Str is expected to vary with the 
grain size (based on the experiments by El-danaf et al. [ 56 ]). Sitw 
denotes the value of the deformation resistance when extensive twin 
intersections occur in the metal, and corresponds to the onset of the 
stage-D (Figure 23). Note that the last term on the right-hand side of Eq. 
8 contributes only after the deformation resistance of the metal exceeds 
Sitw. Furthermore, this term indicates merely that both the deformation 
resistance of the metal and its saturation value are increased roughly by 
the same amounts. 
Correlations of the parameters used in the model by Kalindindi and other 
material parameters such as SFE, shear modulus, magnitude of 
Burger’s vector and grain size of different metals with low SFE can be 
found in detail in the paper by Kalindindi [55] 
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3. Development of high Mn steels 
A part of this research concerns with the production of materials for 
investigating deformation mechanisms, e.g. TRIP and TWIP. Therefore, 
the interesting aspects about the production process of high Mn steels 
(HMS) from literature were collected and summarised to provide basis 
information for discussion and further development. 
3.1 Alloy concept 
3.1.1 Manganese 
Manganese is an austenite stabiliser. The γ→ε transformation 
temperature is decreased with increasing Mn content. If its content in 
steel is less than 15 mass%, an α′ martensite phase is formed which 
deteriorates the formability [57]. Manganese has only a small effect on 
solid solution strengthening in HMS but a strong effect on the 
deformation mechanism. 
3.1.2 Carbon 
Carbon is an effective austenite stabiliser and strengthens the steels. It 
is added in the TWIP steels “X-IP” up to about 0.6 wt% [58]. Figure 24 a) 
and b) show phase components of Fe-Mn-C alloys after solution 
treatment between 950 and 1100 °C and accelerated cooling (prior 
deformation), and after deformation, respectively. High contents of Mn 
and C stabilise the austenite phase. The area of single phase austenite 
is reduced by TRIP mechanism after applying deformation (Figure 24 b). 
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a) prior deformation b) after deformation 
Figure 24: Influence of Mn and C contents on phase components of 
 Fe-Mn-C alloys at room temperature [59] 
3.1.3 Aluminium 
Aluminium is a ferrite stabiliser. It increases the SFE of austenite, e.g.    
~ 5 mJ/m2 per 1%Al [35], ~ 10 mJ/m2 per 1%Al [60]. An addition of 
aluminium to high Mn steels significantly decreases the γ→ε 
transformation temperature [61]. Consequently, Al contributes greatly to 
the minimisation of Mn content. Takaki et al. [ 62 ] found that the 
formation of ε-martensite is notably suppressed by Al addition in high Mn 
steels (Figure 25 a). Only 0.5 %Al addition is enough to suppress 
athermal γ→ε transformation for the Fe-27 %Mn steel, while 2.0 %Al 
addition is required for the Fe-17 %Mn steel. 
In Figure 25 b) Al addition is very effective for improving low 
temperature toughness. The ductile-to-brittle transition tends to 
disappear with an increase in Al content. Deformation induced               
ε-martensite has never been observed for the other Fe-27%Mn-Al steels 
containing more than 1.1 %Al. The fracture mode is ductile dimple 
fracture in Fe-27 %Mn-Al steels with 0.5-2.5 %Al, regardless of test 
temperature (77-473 K). 
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Figure 25: Effect of Al on properties of high Mn steels a) volume fraction 
 of ε-martensite at 77 K; b) ductile-brittle transition 
 behaviour [62] 
Alloying aluminium in high Mn steels also affects on deformation 
mechanism. For example, as Al content in Fe-20%Mn-0.11%C steel is 
increased from 1.1 to 3.1%, the formation of strain-induced martensite 
and deformation twinning become more difficult [63]. 
Kim et al. [64] investigated the susceptibility to delayed fracture of TWIP 
steels. It was found that delayed fracture of drawn cups did not occur in 
the high Mn steels with 1.5%Al. However, the drawn cups from steels 
without Al were fractured after 156 days. The mechanism that Al 
suppresses delayed fracture is not clear. 
Finally, owing to its high passivity, aluminium enhances the corrosion 
resistance of the steels [65]. 
3.1.4 Silicon 
An addition of Si to the Fe-27%Mn binary alloy is effective for refining      
ε-martensite plates and increasing fracture strength, although it does not 
improve ductility [62]. It was reported that addition of Si strengthens the 
austenite, owing to the solid solution hardening by 50 MPa per 1%Si [66]. 
3.1.5 Phosphorus 
Kinoshita et al. [67] revealed that a low P content improves the hot 
ductility of as-cast 13%Mn steel (e.g. Figure 26). 
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Figure 26:  Variation of reduction of area for as-cast 13%Mn steel slabs 
 with different phosphorus contents [67] 
3.1.6 Sulfur 
Kato et al. investigated the effect of sulfur on tensile ductility of            
Fe-15%Mn-1%Ni-0.7%C-0.6%V steel. The result shows that reducing S 
content in the steel improves the ductility (Figure 27). 
 
Figure 27:  Changes of tensile ductility of Fe-15%Mn-1%Ni-0.7%C-
 0.6%V steel as a function of S content [68] 
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3.1.7 Titanium 
For high Mn-high Al steels, Al can segregate on the grain boundaries 
during solidification, and produce a low melting point intermetallic 
compound, e.g. Fe2Al5, on the grain boundaries, which cause a 
weakness in the casting structure. Kim et al. [69] investigated effects of 
titanium and boron on hot ductility of high Mn-high Al steels by hot 
tensile tests. It was found that in the case of the steels with addition of Ti 
and/or B for strengthening the grain boundaries of the columnar crystals, 
the reduction of area is over 40 % for the temperature range of 900- 
1300 °C, which is a significant improvement over the comparative steels 
without Ti and B.  
3.1.8 Niobium 
Luis, G. et al [70] investigated the influence of niobium on stacking-fault 
energy of a completely austenitic stainless steel matrix consisting of    
Fe-15%Cr-15%Ni, with 0, 0.5, 1 and 2% niobium by means of X-ray 
diffraction analysis. They found that niobium strongly decreases the 
stacking-fault energy of Fe-15%Cr-15%Ni austenite. This behaviour can 
be explained by a decrease in the electron/atom ratio and an increase in 
the L. Pauling electron vacancy number of austenitic Fe-Cr-Ni matrix 
brought by niobium. 
3.1.9 Vanadium 
Effects of V on tensile properties of Fe-15Mn-1%Ni-0.7%C and Fe-
15%Mn-4%Ni-0.7%C steels were investigated by Kato et al. It was 
observed that V contents up to about 0.6 % improve both tensile 
strength and elongation of the steel. Vanadium reduces the grain size of 
Fe-15%Mn-1%Ni-0.7%C steel as shown in Figure 28. 
It has been reported that if the content of V is more than 0.5 %, then low 
melting point compounds are formed, which deteriorates hot      
workability [69]. In addition, if V content is over 0.5 %, excessive 
precipitates are formed, so that small cracks would be formed during 
cold rolling [57]. 
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Figure 28:  Effect of V content on the grain size of 0.7%C-15%Mn-1%Ni 
 steel [68] 
3.1.10 Boron 
Hofmann et al. [71] found that boron acts as a substitute for manganese 
in its effect on the mechanical properties. In their experiment, the steel 
with 20 %Mn and 0.003 %B has a similar property profile to the steel 
that contains 25 %, but no B. Therefore, alloying boron to high Mn steels 
leads to reduced alloying element costs and makes production of the 
steels in smelting metallurgy easier. In addition, boron improves the strip 
edge quality of high Mn steels. 
Small amount of boron (B), e.g. 40-50 ppm, improves the hot ductility of 
high Mn steels [72,73]. The use of boron enables the workability of 
ingots and slabs to be substantially improved with a consequent 
improvement of plate surface quality. The improvement in ductility was 
ascribed to the reduction in average grain size and the removal of the 
coarse grained zone in slabs. However, at higher levels of boron, 
cracking was observed. This is due to the formation of a low melting 
point boride eutectic, leading to grain boundary liquation during hot 
rolling [72]. 
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3.1.11 Nitrogen 
Bliznuk et al. investigated the effect of nitrogen on mechanical properties 
of Fe-16.5 %Mn steel. The result shows that alloying 0.1%N to the steel 
improves the uniform elongation from approximately 3.3 to 12.4% and 
the ultimate tensile strength is considerably increased (Figure 29). The 
improvement is attributed to the increase in austenite fraction before 
deformation by the nitrogen addition. At the same time nitrogen is an 
effective strengthening element in austenite. 
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Figure 29: Effect of N on tensile properties of Fe-16.5%Mn steel [74] 
Tsuchiyama et al. investigated the nitrogen absorption in Fe-Cr-Mn 
alloys. The authors found that the equilibrium nitrogen content tends to 
be increased with increasing Cr or Mn content (Figure 30). Although 
both elements enlarge the equilibrium nitrogen content, it is found that 
the Cr addition is much more effective than the Mn addition for 
increasing nitrogen content. However, the combination of Cr and Mn 
addition seems to enlarge the equilibrium nitrogen content. 
The effects of alloying elements on properties of high Mn steels are 
summarised in Table 5. 
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Figure 30: Relation between equilibrium nitrogen content at 1473 K and 
 Cr or Mn content in the Fe-Cr and Fe-Mn binary alloys [75] 
Table 5: Alloying concepts of high Mn steels [57,69,62,73,74]. 
Element γ 
stabiliser 
Solid solution 
strengthening 
austenite 
ε-martensite 
refinement 
Hot 
ductility* 
C + +   
Mn +    
Al    - 
Si  + +  
B    + 
Ti    + 
N + +   
*   for high Mn steels with high Al alloying 
+  = promote/increase,  -  = reduce 
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3.2 Some aspects in the production of high Mn steel strip 
3.2.1 Potential problems of the production of high Mn steels 
The processability has been investigated with aspect to industrial 
production as high Mn steels may only be hot and cold rolled with 
difficulties because instabilities or cracks frequently occur on the edges 
[71] and on the surfaces [69] of the strip in a severe degree. Besides 
that, scale, segregation or depletion of alloying elements also affects the 
surface quality and the mechanical properties. Potential problems of the 
production of high Mn steels are shown in Figure 31. Some aspects 
about the production of high Mn steels will be reviewed in the following 
topic. 
Caster      Shear       Furnace        Descaler Hot Strip Mill       Run-out  Coiler
Table
Scale,
depletion
Inner quality:
crack, segre
gation
-
Deformation at high temperatures
Surface 
quality
 
Figure 31: Potential problems of the production of high Mn steels 
 [modified from 76] 
3.2.2 Some aspects in the production processes 
3.2.2.1 Casting 
Bleck et al. [77] intestigated the hot ductility of high Mn-high C austenitic 
steels to determine a suitable window of process parameters. In-situ 
melting hot tensile tests were carried out to investigate the hot ductility 
and fracture characteristics during continuous casting and hot 
deformation of 3 steels with Mn and C contents between 9-23 mass% 
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and 0.6-0.9 mass%, respectively. The result of hot tensile tests is shown 
in Figure 32. It was concluded that reducing Mn content improves the 
hot ductility of the high Mn steels. For instance, the values of reduction 
of area (RoA) of the Fe-9%Mn-0.9%C steel are higher than those of the 
Fe-23%Mn-0.6%C and Fe-16%Mn-0.9%C steels. The RoA of the Fe-
9%Mn-0.9%C steel is more than 60% in the temperature range of 1050-
1200 °C, and more than 40% in the temperature range of 1000-1250 °C, 
which is rather low compared with steels with good hot ductility that the 
RoA is nearly 100 %. From the result of differential thermal analysis 
(DTA) measurements the investigated high Mn-high C steels possess a 
wide solidification range (TL-TS ≈ 78-86 K). The fracture surface of Fe-
16%Mn-0.8%C steel tested at 1201 °C is shown in Figure 33. The 
fracture surface shows branches of dendrites and microporosity at 
interdendritic areas. This characteristics was also observed even 
deformation at 1000 °C. Therefore, countermeasures to weak primary 
structure from microshrinkage and segregation are interesting aspects 
for developing and improving yield and quality of the steels. 
       
Figure 32: Experiment setup and reduction of area (RoA) of the as-cast 
 high Mn-C steels at high temperatures 
Thermocouple
Vacuum-/controlled 
atmosphere chamber
Laser aided 
camera system
Specimen
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Figure 33: Fracture surface of the Fe-16%Mn-0.8%C steel tested at 
 1201 °C, RoA 21% 
Transverse cracking can occur during the continuous casting of steels. 
Different criteria for correlating the hot ductility quantified by RoA with 
transverse cracking were collected. First, the value of RoA required for 
preventing transverse cracking is dependent on the exact test condition. 
Under the condition of solution treating at about 1350 °C and testing at a 
strain rate of 3x10-3 s-1, a RoA value of 40% would be required to ensure 
freedom from cracking [78]. Second, transverse cracking correlates quite 
well with the observation that steels prone to transverse cracking exhibit 
very low ductility with a RoA of less than 20% at high temperatures [79]. 
Considering the mentioned criteria, the values of RoA of the Fe-23%Mn-
0.6% and Fe-16%Mn-0.8%C steels are quite low but there are also the 
temperature ranges with the RoA of these steels over 20%. However, it 
is expected to be difficult to process these steels. The RoA of at least 
40% of the Fe-9%Mn-0.9% steel in the temperature range of 1000-  
1250 °C is acceptable. By comparison with the conventional austenitic 
steel 1.4301, the values of RoA of the investigated high Mn steels are 
lower. Therefore, more attendance must be paid to process the high Mn-
high C steels, especially during the first rolling passes. 
3.2.2.2 Hot rolling and cold rolling 
Bleck et al. [77] investigated hot deformation load by using hot 
compression tests of 3 steels with Mn and C contents between 9-23 
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mass% and 0.6-0.9 mass%, respectively. Specimens with Rastegaev 
geometries and dimensions of 10 mm diameter and 15 mm height for 
hot compression tests were machined from the as-cast steel ingots. The 
specimens have the cylindrical axis parallel to the longitudinal direction 
of steel ingots. A few specimens with the cylindrical axis parallel to the 
thickness direction of the ingots were also tested for comparison. The 
specimens were heated at a heating rate of 10 K/s, held at 1200 °C for 5 
minutes, and subsequently cooled with a cooling rate of 3 K/s to test 
temperatures ranging from 900 to 1200 °C. 
The results of the flow curves of high Mn-high C steels by hot 
compression tests with a strain rate of 1 s-1 for different temperatures are 
shown in Figure 34. The flow stress at a given strain and temperature of 
the Fe-23%Mn-0.6%C steel is close to that of the Fe-16%Mn-0.8%C 
steel, and higher than that of the Fe-9%Mn-0.9%C steel. Peak stress 
referring to the softening mechanism by dynamic recrystallisation was 
found only in the Fe-23%Mn-0.6%C and the Fe-16%Mn-0.8%C steels 
deformed at 1200 °C at this strain rate. Slight instability was observed in 
the curve of the 23%Mn-0.6%C steel at 1100 °C that can accompany 
abnormal flow in coarse-grained or textured specimens. 
Deformation loads for processing high-Mn high-C steels are necessary 
for selecting a suitable hot rolling facility. Table 6 shows the hot 
compressive stresses of investigated steels comparing with those of the 
stainless steel 1.4301. The flow stresses of high Mn steels are not 
higher than those of the stainless steel 1.4301. The values of stress in 
the parenthesis belong to the compression tests using compression 
specimens with the cylindrical axial of specimens parallel to the 
thickness direction of ingots. 
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Figure 34:  Flow curves of high Mn-high C steels tested at a strain
 rate of 1 s-1 
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Table 6: Flow stresses (in MPa) of high Mn-high C steels compared with 
 those of the stainless steel 1.4301 at a strain of 0.5 
Deformation 
condition 
Fe- 
23%Mn- 
0.6%C 
Fe- 
16%Mn- 
0.8%C 
Fe- 
9%Mn- 
0.9%C 
Steel 
1.4301 
Steel 
1.4301 
1200 °C, ε′ 0.01 s-1 32.4 29.0 23.9 38 31 
1200 °C, ε′ 0.1 s-1 44.1 46.5 37.8 - 55 
1200 °C, ε′ 1 s-1 75.2 66.8 61.1 - - 
1200 °C, ε′ 10 s-1 92.3 90.5 91.5 - - 
1100 °C, ε′ 0.01 s-1 50.5 49.3 37.4 65 - 
1100 °C, ε′ 0.1 s-1 75.8 66.1 60.3 95 - 
1100 °C, ε′ 1 s-1 95.4 
(104.6) 
99.3 
(91.8) 
92.2 
(82.8) 
120 - 
1100 °C, ε′ 10 s-1 137.5 121.5 118.1 - - 
1000 °C, ε′ 0.01 s-1 79.1 71.1 61.2 102 - 
1000 °C, ε′ 0.1 s-1 113.0 
(112.8) 
104.1 
(102.4) 
96.5 
(87.1) 
- 142 
1000 °C, ε′ 1 s-1 144.6 137.4 129.9 - - 
1000 °C, ε′ 10 s-1 177.9 167.8 168.3 - - 
900 °C, ε′ 0.01 s-1 119.6 107.4 96.5 150 - 
900 °C, ε′ 0.1 s-1 153.2 135.4 137.1 - - 
900 °C, ε′ 1 s-1 194.2 183.3 183.3 - - 
900 °C, ε′ 10 s-1 234.0 234.1 214.1 - - 
Kim et al. [64] investigated hot rolling and cold rolling of a Fe-18Mn-
0.6C-1.5Al TWIP steel. It was found that during hot strip rolling, the 
TWIP steel shows high deformation resistance similar to that of 304 
stainless steel. The deformation resistance at room temperature was 
also higher than conventional advanced high strength steel (AHSS), but 
tandem cold rolling could be carried out with little difficulty. 
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3.2.2.3 Solution treatment 
It is well known that solution treatment plays an important role on 
ductility for high Mn-high C steels. For example Hadfield steels (Mn 
∼12% and C ∼1%) the as-cast or as-rolled structure contains carbide and 
other transformation products that produce marked brittleness by their 
continuity. Therefore the austenitising with temperature above 1010 °C 
to assure complete solution of carbon and water quenching are 
necessary [80]. 
Cabanas, N. [8] investigated binary Fe-Mn alloys and compared the 
mechanical properties of the hot rolled (HR) steels with those of hot 
rolled steels with solution treating (HR+ST) at 1100 °C for 20 minutes 
and water quenching. The result shows that the elongation of Fe-20%Mn 
hot rolled steel is improved about 20% (from 13% to 34%) by the 
solution treating and quenching, and the elongation of Fe-29.4%Mn-
3.3%Al-3%Si hot rolled steel is also improved about 30% (from 37% to 
67%) by the solution treating and quenching. 
However, the information about the comparison of mechanical properties 
between hot rolled steels and hot rolled steels with solution treating and 
quenching for newly developed high Mn steel strip with medium carbon 
content (0.3-0.6%C) is scarcely obtained. 
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4. Experimental procedures 
4.1 Alloy concept 
Three high Mn steels have been investigated in this research. The first 
and the second steels are based on Fe-Mn-Al-Si alloys that have been 
investigated in many papers, e.g. by Grässel et al. [1] and by Kroos et al. 
[81]. Alloying aluminium into HMS increases the stacking fault energy 
(SFE) of austenite [35]. The formation of ε-martensite can be 
suppressed by Al addition. In addition, alloying aluminium is very 
effective for improving low temperature toughness of HMS [62]. 
However, as the Al content in HMS is increased, the formation of strain-
induced martensite and deformation twinning become more difficult [63]. 
This affects mechanical properties of the steel, e.g. tensile strength, 
strain hardening and ductility. In addition, it was stated that Al can 
segregate on the grain boundaries during solidification, and produce a 
low melting point intermetallic compound such as Fe2Al5 having a 
melting point about 1170°C on the grain boundaries, which cause a 
weakness in the casting structure. Adding small amounts of boron 
and/or titanium into the HMS alloyed with Al can improve the hot ductility 
of the steels [69]. Silicon strengths the austenite owing to the solid 
solution strengthening. It also takes effect by refining ε-martensite plates 
and increasing fracture strength [62]. With an appropriate addition of 
carbon and boron into Fe-Mn-Al-Si alloys cracks and instabilities in the 
strip-edge region are significantly reduced [71]. It was stated that boron 
takes effect by reducing the average grain size and removing the coarse 
grained zone in slabs. Thus, the use of boron enables the workability of 
ingots and slabs to be substantially improved with a consequent 
improvement of plate surface quality [72].  
The last steel is based on Fe-Mn-C alloys that have been investigated in 
many papers, e.g. by Allain et al. [28] and TWIP steels (X-IP) by Cugy et 
al. [58]. Carbon and nitrogen are well-known austenite stabiliser and 
effective solid solution strengthening elements. Alloying Mn into steel is 
also effective for producing high nitrogen steels [82]. It was also reported 
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that the use of small amounts of boron (0.0045%) is successful in the 
improvement of hot workability of a high nitrogen austenitic stainless 
steel [73]. However, with increasing carbon content in steel the solubility 
of nitrogen is decreased [83]. 
• Parameters to be controlled 
In order to attain outstanding mechanical properties of high Mn steels for 
cold forming, four important parameters must be controlled: 
1. a large fraction of austenite phase, e.g. single phase austenite, which 
is possible for a gradual deformation induced plasticity (by TRIP or 
TWIP) in order to maintain high strain hardening rate and inhibit 
necking [1] 
2. appropriate austenite stability that can be controlled by adjusting 
material parameters, e.g. grain size and alloying elements, and by 
selecting forming conditions, e.g. temperature, strain rate and stress 
mode 
3. a homogeneous distribution of alloying elements (e.g. minimised 
decarburization or minimised local segregation of manganese) to 
avoid metastable austenite and to maintain twinning mechanism 
4. No coarse carbide in order to achieve a good combination of strength 
and ductility 
A good alloy design should possess a wide temperature range of single-
phase austenite, which is easy for hot rolling and annealing in order to 
get finished products with a large fraction of austenite. The relationship 
between phase fraction and temperature for different steel compositions 
can be approximately determined by using thermodynamic data, e.g. 
calculated by using the Thermo-Calc software. 
4.2 Test materials 
Three ingots of high Mn steels were melted in laboratory scale at IEHK 
using an induction furnace with Ar protective atmosphere. The chemical 
compositions of the steels investigated by inductively coupled plasma 
optical emission spectrometry and gas analysis are shown in Table 7. In 
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the rest of this research, the investigated high Mn steels will be called   
L-Mn-Al, H-Mn-Al and Mn-C, respectively. 
Table 7: Chemical compositions of the investigated steels 
Chemical composition (mass%) 
Steel 
t of tensile 
specimens 
(mm) C Mn Si Al Ti B N 
L-Mn-Al 1.8 0.38 26.5 2.2 3.6 <0.005 0.005 0.0056 
H-Mn-Al 1.6 0.36 30.0 1.9 3.1 <0.005 <0.001 0.0166 
Mn-C 1.6 0.62 18.9 n.d. n.d. 0.020 0.005 0.0056 
n.d. = not determined 
The cast ingots were cut into plates with a thickness of about 19 mm. 
The plates were sent to Salzgitter Mannesmann Forschung GmbH for 
hot rolling. The hot rolling of the plates was carried out after reheating 
the plates to 1200 °C under Ar atmosphere and soaking at this 
temperature for 40 minutes. The plates were hot rolled to sheets with a 
thickness of about 1.7 mm. After hot rolling most of the rolled sheets 
were air cooled to room temperature (Group 1 in Figure 35), while a few 
hot rolled sheets were water cooled with a cooling rate of 20-25 K/s to 
600 °C and then cooled with a cooling rate of 20-25 K/hour in order to 
simulate a coiling condition of hot rolled strip (Group 2 in Figure 35). 
Some hot rolled and air cooled sheets (HR) and some hot rolled and 
coiling simulated sheets (HRC) were further heat treated using the 
following parameters (Figure 35): 
- solution treatment at 700, 900, 1000 or 1100 °C for 30 minutes and 
then water quenching for HR sheets (Group 3) 
- solution treatment at 1000 °C for 5 minutes and then water 
quenching for HR (Group 4)and HRC sheets (Group 5) 
- solution treatment at 1000 °C for 30 minutes and then water 
quenching for HRC sheets (Group 6) 
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Group 1 Group 2
Group 3 Group 4 Group 5 Group 6
Air cooling 
to RT
Coiling simulation
T1′ = 20-25 K/s to 600 °C
T2 ′ = 20-25 K/hour to RT
700, 900, 1000 or
1100 °C/30min
+ quenching
1000 °C/5min
+ quenching
1000 °C/30min
+ quenching
Hot rolling to t ≈1.7 mm
Reheating in Ar 
1200 °C, 40 min
Plates, t ≈19 mmInduction 
melting
Cast ingots
 
Figure 35: Conditions of heat treatment after hot rolling of the 
 investigated steels 
4.3 Thermodynamic calculations 
4.3.1 Phase fraction-temperature diagram 
The temperature range with a large fraction of austenite phase of the 
investigated steel L-Mn-Al was calculated using the software package 
“Thermo-Calc” with the database TCFE5 for steel/Fe-alloys (Figure 36). 
The steel has no δ/γ transformation at high temperatures; a large fraction 
of austenite phase is observed at high temperatures below the liquidus 
temperature.  
Figure 37 shows the phase fraction-temperature diagram of the steel   
H-Mn-Al. From the diagram the steel has no δ/γ at high temperature; 
Austenite phase is observed at high temperatures. The steel H-Mn-Al 
possesses a higher fraction of austenite phase at low temperatures 
compared with the steel L-Mn-Al. 
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Figure 36: Phase fraction-temperature diagram of the steel L-Mn-Al. 
 The homogeneous γ range is indicated. 
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Figure 37: Phase fraction-temperature diagram of the steel H-Mn-Al. 
 The homogeneous γ range is indicated. 
Figure 38 shows the phase fraction-temperature diagram of the steel 
Mn-C. From the diagram the steel has no δ/γ at high temperature; 
Austenite phase is observed at high temperatures. Cementite starts to 
precipitate at about 700 °C. The steel Mn-C possesses a wider 
temperature range of a large fraction of pure austenite without 
precipitates compared with the steels L-Mn-Al and H-Mn-Al.  
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Figure 38:  Phase fraction-temperature diagram of the steel Mn-C. The 
 homogeneous γ range is indicated. 
4.3.2 Calculation of the martensitic transformation temperatures 
Because the empirical formulae for calculating the martensite start 
temperatures Ms ε→γ  and Ms 'α→ε  have not been found. Therefore, only the 
Ms 'α→γ  and Md '30α→γ  temperatures of the investigated steels were calculated. 
The results are shown in Table 8. It can be observed that the calculated 
Ms 'α→γ  temperatures of the investigated steels are lower than room 
temperature, therefore, α′ martensite phase was not expected to take 
place in the steels after hot rolling and cooling. 
The calculated Md '30α→γ  temperatures of the investigated steels show that it 
is possible to obtain γ→α′ TRIP mechanism at room temperature. 
However, the formulae for calculating Md '30α→γ  temperature mostly were 
created from the data of stainless steels and the formulae do not 
consider the effect of Al on Md '30α→γ  temperature. In this present work 
calculated SFE is considered to be the better parameter for alloy design 
and controlling deformation mechanism. 
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Table 8:  Calculated temperatures M 's α→γ and M '30d α→γ  of the 
 investigated steels by using the formulae from Table 2. 
 L-Mn-Al H-Mn-Al Mn-C 
Ms in °C [De Cooman et al.] -779 -882 -618 
Ms in °C [Bavay] -157 -200 -382 
Ms in °C [Payson and Savage] -500 -604 -304 
Md30 in °C [Angel] 0 -21 -78 
Md30 in °C [Bavay] 84 53 6 
4.3.3 Calculation of the Néel temperatures 
Calculated Néel temperatures (TN) of γ and ε phases of the investigated 
steel are shown in Table 9. It can be seen that TNγ  of the steels L-Mn-Al 
and H-Mn-Al are higher than RT (23 °C). Therefore, the austenite phase 
of the steels is expected to be antiferromagnetic state, which is more 
difficult to transform to martensite compared with that of the steels with 
paramagnetic state. 
Table 9:  Calculated Néel temperatures of γ and ε phases of the 
 investigated steels by using the formulae in Table 4. 
 Steel L-Mn-
Al 
Steel H-
Mn-Al 
Steel Mn-
C 
TNγ  in °C (Zhang et al.) 77 111 97 
TNγ  in °C (Duamy et al.) 80 111 3 
TNε  in °C (Huang) -128 -108 -165 
4.3.4 Calculation of the stacking fault energy 
Since a single intrinsic stacking fault involves hcp stacking, the stacking 
fault energy may be regarded as a sum of surface and volume energy 
contributions. Accordingly, the intrinsic stacking fault energy, SFE, may 
be expressed according to Olson and Cohen [84] as follows:  
SFE =n∗ρ(∆Gγ→ε+Estr)+2σ(n)    (Eq. 10) 
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where n is the thickness of the fault in number of atom planes, ρ is the 
density of atoms in a close packed plane in moles per unit area, ∆Gγ→ε is 
the chemical free-energy difference between the austenite and              
ε-martensite phases, σ(n) is the surface energy and Estr is strain energy, 
which in the case of γ→ε transformation is small. The surface energy 
component 2σ(n) has been estimated as 20 mJ/m2 [84]. When the SFE 
is below that value, ∆Gγ→ε is negative, i.e., the ε-martensite phase is 
thermodynamically more stable than the austenite phase (provided that 
Estr is neglected). Obviously, in such a condition the stacking faults tend 
to overlap so that perfect ε-martensite is formed. 
Recently, models for calculating SFE for developing high Mn steels were 
proposed, e.g. for Fe-Mn-Al-Si-C alloys by Gräßel [85] and for Fe-Mn-C 
alloys with Al, Si, Cr and Cu by Dumay et al. [35]. Those models based 
on the concept that the SFE of austenite (γ) required to create a platelet 
of ε-martensite of a thickness of two atomic layers can be calculated 
using the following equation [84]:  
SFE = 2ρ∆Gγε + 2σ γ/ε        (Eq. 11) 
where ρ, ∆Gγε and 2σ γ/ε have the same definitions as in equation 10. 
In this present research many alloying elements and a wide range of 
temperature are considered, therefore, SFEs were estimated by using 
the thermochemical model proposed by Dumay et al. The value of ρ of 
2.94x10-5 mol/m2 and the value of σγ/ε of 8 mJ/m2 were applied for all 
investigated steels (according to [35]). 
According to the SFE model by Dumay et al., the free molar enthalpy of 
martensite formation can be written as follow: 
∆Gγ→ε = ∆GFeMnXε→γ  + xc ∆G CFeMnXε→γ /  + Gmgε→γ        (Eq. 12) 
Using the regular and subregular solution model, ∆GFeMnXε→γ  is the chemical 
contribution of all the elements in substitution in the fcc lattice.  
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Carbon in insertion is simply introduced as a disturbance of the former 
fcc solid solution. An empirical law has been improved to account for an 
increasing carbon effect with manganese content: 
∆G CFeMnXε→γ /  = (a/(xC))(1 − e−bxc ) + cxMn   (Eq. 13) 
where a, b and c are fitting parameters 
Gmgε→γ  is a magnetic term, due to the Néel transition (paramagnetic to 
antiferromagnetic) of each phase ϕ: 
∆Gmg ε→γ  = Gmε  − Gmγ            (Eq. 14) 
where 
Gmϕ  = RT ln(1 +βϕ/µB) f( T/TNϕ ), ϕ = (γ, ε)  (Eq. 15) 
with βϕ and TNϕ , respectively, the magnetic moment and Néel 
temperature of phase ϕ, µB the Bohr magneton and f a polynomial 
function which expression can be found in Ref [86,87]. 
Where τ = T/TNϕ , and when τ ≤ 1: 
f(τ) = 1-{ (79τ -1/140p} + [(474/497) ((1/p)-1)((τ3/6)+  
(τ9/135) + (τ15/600))]} / D       (Eq. 16) 
When T > 1 
f(τ) = - [(τ -5/10) + (τ -15/315) + (τ -25/1500)] / D         (Eq. 17) 
For fcc and hcp phases, p=0.28 and D=2.342456517. 
An empirical expression of TNγ  [35] and TNε  [28] of are given: 
TNγ  = 250 ln(xMn) − 4750xCxMn − 222xCu 
−2.6xCr − 6.2xAl − 13xSi + 720 (K)        (Eq. 18) 
TNε  = 580xMn (K)          (Eq. 19) 
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Other parameters of the model by Dumay et al., e.g. different free 
energy of γ/ε phases for each alloying element, can be found in the 
reference [35]. 
The SFEs of the investigated steels for different temperatures calculated 
by using the model are shown in Table 10. The higher SFE the higher 
stability of austenite is expected, i.e. the austenite→martensite 
transformation is more difficult. 
Table 10:  Calculation of SFE of the investigated steels for different test 
 temperatures 
Temperature 
(°C) L-Mn-Al H-Mn-Al Mn-C 
-40 35 39 8 
23 39 41 18 
100 48 48 33 
4.4 Heat treatments of test specimens 
For solution treatment of tensile specimens a tube furnace with argon 
protective atmosphere was used in order to restrain the oxidation and 
decarburization (Figure 39). For big sized specimens for Nakajima tests 
for determining forming limit diagram (FLD), the heat treatment was 
performed by using an induction furnace with normal atmosphere. In this 
case, SEALMET, a protective coating, was painted on the surfaces of 
the specimens before heat treatment in order to restrain oxidation. For 
both methods of heat treatment the specimens after soaking were 
quenched into water. The surfaces of specimens after heat treatment 
were cleaned by pickling the specimens in V2A acid (10 ml HNO3+100 
ml HCl+100 ml H2O), cleaning in water, brushing and drying with 
compressed air. 
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Tensile specimen
 
Figure 39:  Tube furnace with controlled atmosphere for annealing 
 tensile specimens 
4.5 Tensile tests 
Tensile tests of the investigated steels were performed by a Zwick/Z100 
tensile testing machine with a maximum force of 100 kN. Tensile 
specimens with a gauge length of 50 mm (DIN EN 50114) (Figure 40) 
were tested with a strain rate of 6.7 x 10-4 s-1 at -40 °C, room 
temperature (23 °C) and 100 °C in order to characterise mechanical 
properties of the investigated steels. 
 
 
 
 
 
 
Figure 40: Dimensions of the tensile specimen 
t ∼ 1.7 mm 
20 mm 
165 mm 
75 mm 
50 mm 
12.5 mm 
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4.6 Thermocamera 
A high-speed infrared camera type JADE III MWIR S MTC from InfraTec. 
GmbH was used to measure test temperatures of some tensile 
specimens during testing (Figure 41). The camera can measure a 
temperature range between -40 and 600 °C. The data acquisition was 
carried out using the IRBIS® on-line software that can be used to 
analyse and build pictures and videos. The specimen surfaces were 
coated with black lacquer. The lacquer minimises the influence of 
reflections of the environment. In this present work the calibrated 
temperature range was set between 10 and 60 °C. A recording 
frequency of 10 Hz was used. 
High-speed 
infrared camera
 
Figure 41: Zwick/Z100 tensile testing machine and a high-speed 
 infrared camera 
4.7 Analysis of strain hardening behaviour from tensile tests 
The calculation and analysis of strain hardening behaviour were 
performed with the help of the computer program “Hard” developed by 
IEHK (Figure 42). This program uses a method of spline approximation. 
The data of true stress-true strain from tensile tests were inputted to the 
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program in order to calculate and plot interesting strain hardening 
behaviour, e.g. n-value-true strain curves, strain hardening rate-true 
strain curves, and strain hardening rate-true stress curves. After that, the 
different stages of strain hardening can be analysed according to the 
models from literature. 
 
Figure 42: The “Hard” program for calculating strain hardening curves 
4.8 Determination of forming limit diagram (FLD) 
Forming limit diagram is an important tool for pre-assessing formability 
and for failure diagnosis in sheet metal forming work. In the FLD the 
maximum degrees of deformation ϕ1 and ϕ2 for different specimen 
geometries are graphed against one another and connected with a fitted 
curve. The resulting limit curve represents the transition from safe 
material behaviour to material failure for a certain sheet metal at a given 
thickness. These sheet metals can bear any degree of deformation 
below the limit curve with material failure occurring. The changes in the 
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circles under different loads begin with deep drawing on the left to 
stretch drawing on the right (Figure 43). 
The shape of the ellipses that formed from the circles is clearly 
dependent on the stress state. On both sides equally enlarged circles 
are created if the applied stresses are the same for directions 1 and 2. 
Thus, the degrees of deformation ϕ1 and ϕ2 are equal. This stress state 
is equal to biaxial stretch drawing, in which the sheet is deformed with 
uniform sheet thickness reduction. If stress in direction 2 is smaller than 
in direction 1, then the circular segments are deformed to a longitudinal 
ellipse. Due to constant volume, some of the deformation must come 
from sheet width, i.e. the sheet becomes smaller during deformation. 
The state in which the sheet does not deform in direction 2 (ϕ2=0) is 
called “plane strain”. 
The forming limit of a material is the strain at which necking or fracturing 
appears. To determine these limits, the ellipses are measured near 
cracks, because it can be assumed that the material directly surrounding  
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Figure 43: Change in a circular sheet element under different stress 
 ratios and the resulting degrees of deformation ϕ1 and ϕ2 [88] 
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the crack reached uniform elongation. This means that it is just before 
the necking state. A sheet with necking can no longer be used in the 
production because flow zones can be seen really well after coating the 
drawn part, which is undesirable for automotive parts. 
The location of the limit curve is primarily influenced by test conditions, 
i.e. material properties, lubrication, sheet metal thickness, method of 
evaluation, diameter of the grid elements (Figure 44). These conditions 
should be kept constant, if possible, for the different tests. Even the 
direction that the sample is taken from has an influence. 
The mechanical properties of the tested material, like strengthening, 
which is described by the n-value, also have an influence on maximum 
deformability. A high strengthening rate usually leads to better stretch 
forming properties, since local strengthening minimises early material 
failure. 
0
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Figure 44: Parameters influence on the location of the limit curve [88] 
In this present research Nakajima tests were carried out using an 
electrohydraulic Erichsen universal-sheet testing machine with a 
maximum drawing force of 600 kN and a maximum down holder force of 
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400 kN (Figure 45). A half spherical stamp with a diameter of 50 mm 
was used. 
In order to be able to investigate the different stress modes on the FLD 
in the present work, specimens with 5 geometries according to Nakajima 
were used as shown in Figure 46. The widths of specimens were varied 
from 15 to 115 mm. The Nakajima tests were conducted according to 
ISO/DIS 12004-2. Three parallel tests for each steel grade and 
specimen geometry were performed. Before testing the specimens were 
degreased with alcohol and provided electro-chemically with a square 
measuring grid with a mesh size of 2 mm. 
The sample was inserted into the machine and fixed with the blank 
holder over the stamp. In order to prevent a draw-in of the material, a 
blank holder force of 200 kN was applied. For minimising friction during 
the test a complex lubricant system was placed between sample and 
stamp. The lubrication system TÖMÖT was used. The stamp speed  
 
Figure 45: Erichsen universal-sheet testing machine 
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8,
75
115
Rolling 
direction   
X Web 
width 
b 
 
Web width b (mm) 15 30 60 90 115 
Width X (mm) 32,5 47,5 77,5 107,5 115 
Figure 46: Dimensions of specimens for Nakajima tests 
performs at 1.5 mm/s. During forming the displacement of the grid 
pattern was recorded. The test was terminated automatically when a 
crack occurs and the drawing force drops. 
In order to be able to provide a forming limit diagram, the deformed 
square grids after testing had to be measured with the help of the 
Autogrid system of the Vialux Company. The measurement took place 
on both sides at the crack whereby the crack-separated square grids 
were not considered. After that, a fitted forming limit curve was created 
from the experimentally determined points. 
4.9 Microstructural investigation by optical light microscopy 
Metallographic etching is composed of many processes used to reveal 
particular structural characteristics of a metal. During etching the erosion 
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occurs at the specimen surface. The depth of erosion depends on the 
type and orientation of each phase [89]: 
- Austenite: little to no erosion, hence rather smooth surface 
morphology; 
- Martensite: little erosion, quite similar to austenite. Erosion 
depending on the carbon content in martensite; 
- Ferrite: strongest erosion, dependence on grain orientation. 
Colour etching is widely used for separating different phases in multi 
phase steels. Besides the phase discrimination, it also gives additional 
information within one phase. The colour shade of a given phase can be 
changed in a certain range, which depends on the crystallographic 
orientation of the investigated grain. 
In high Mn austenitic steels the colour etching by reagents with sodium 
thiosulphate and potassium metabisulphite, e.g. Schumann solution (100 
ml. cold-saturated sodium thiosulphate (in distilled water) with an 
addition of 10 g. potassium metabisulphite) [ 90 ] gives a perfect 
discrimination of austenite (brown/blue), ε-martensite (bright/white) and 
α′-martensite (black). By this etching the formation of martensite in 
austenite can be observed.  
In this present investigation metallographic specimens can be divided 
into 2 groups, i.e. specimens prior deformation and specimens at the 
uniformly deformed area close to a fracture part of tensiled speciemens. 
All specimens were ground for removing surface defects and improving 
the leveling of cross section. After grinding the specimens were 
mechanically polished with diamond pastes of 6 µm and 1 µm, 
respectively. The specimens were further electropolished with the 
electrolyte A2 from Struers. The electropolishing was carried out at the 
temperature range of 3-6 oC by applying a voltage of 34 V for 15 
seconds. After electropolishing the specimens were divided into two 
groups. The first group was etched with a modified Klemm solution (100 
ml. cold-saturated sodium thiosulphate (in distilled water) with an 
addition of 10 g. potassium metabisulphite) for 10-30 seconds. The other 
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group was etched with a 5%-nital solution (5 ml. HNO3 in 95 ml ethanol) 
for 10-60 seconds. The microstructure investigation was performed by 
using a light optical microscope. 
4.10 Microstructural investigation by electron backscatter 
diffraction 
A JEOL JSM-7000F scanning electron microscope (SEM) with electron 
backscatter diffraction (EBSD) EDAX Pegasus at Central Facility for 
Electron Microscopy (GFE), RWTH Aachen was used to reveal the 
microstructure and crystallographic analysis of the investigated steels. 
The specimens for the investigation were ground, mechanical polished 
with diamond pastes of 6 µm and 1 µm, respectively. The specimens 
were further electropolished with the electrolyte A2 from Struers. The 
electropolishing was carried out at the temperature range of 3-6 °C by 
applying a voltage of 34 V for 15 seconds. The grain sizes excluding 
twins of specimens prior deformation were determined by EBSD. The 
phase constituents of specimens prior deformation and the phase 
constituents of specimens at uniform elongation after the tensile test 
were analysed by EBSD. 
4.10.1 Crystal structures identified by EBSD 
The morphology and phase constitution of a steel specimen can be 
investigated by SEM with EBSD. Local crystallographic orientations are 
also measured in a SEM by focusing the electron beam to a crystal. The 
specimen is tilted to approximately 70 degrees with respect to the 
horizontal. Orientation imaging microscopy (OIM) is based on automatic 
indexing of electron backscatter diffraction patterns. The crystallographic 
information extracted from the EBSD pattern is then compared with the 
crystallographic information (e.g. phase identification) from candidate 
phase, and a best-fit match is determined. 
In addition to the crystallographic data, the EBSD acquisition software 
gives two interesting parameters: the image quality and the confidence 
index. 
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The image quality (IQ) value is a measure of the intensity and sharpness 
of the observed bands in EBSD patterns. This value is strongly 
influenced by the quality of the crystal lattice at the measurement 
position. The IQ value is fairly sensitive to the dislocation content. 
The confidence index (CI) provides a statistical means to measure the 
quality data. The CI allows the detection and withdrawal of incorrectly 
indexed patterns. 
The CI is the difference in votes received by the highest and second 
highest ranking solutions (V1 and V2 respectively) divided by the number 
of total possible votes (VIDEAL) [91]. 
CI = (V1 - V2) / VIDEAL          (Eq. 20) 
The CI ranges in value from 0 (poor) to 1 (good). Low CI data can be 
found in areas with very poor pattern quality, such as scratches and 
grain boundaries. 
The dependence of the solution reliability on CI for fcc materials has 
been investigated [92]. The result shows that for images where at least 
six Kikuchi bands (the linear bands from the intersection plane of 
diffracted beam and the phosphorus screen) were identified (correctly or 
incorrectly), the solution was correct 95% with a CI of 0.1 or greater 
(Figure 47). The percent of solutions correct for a CI of 0 is often greater 
than zero. This is because even when two solutions receive the same 
number of votes, the solution which has the smallest angular deviation 
from the theoretical value is chosen and is often the correct solution for 
poor quality images. 
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Figure 47: Confidence index versus fraction of correct solutions for poor 
 quality fcc materials assuming at least 6 Kikuchi bands are 
 identified [92] 
There are some problems with many multiphase materials. For example, 
when two phases have similar crystal structures, then it is difficult to 
distinguish one phase from the other using EBSD techniques. Because 
of uncertainties in measuring interplanar angles, a cubic phase cannot 
be readily distinguished from a phase which is 1% tetragonal [92]. The 
minimum resolution for such analysis is a function of the phases 
themselves and of the ability for the image analysis algorithms to 
measure accurately the angles between Kikuchi bands. 
4.10.2 Twin boundaries identified by EBSD 
The misorientation between two grains can be described by the rotation 
axis (vector Ω) and the rotation angle (Φ) with the smallest possible Φ 
value. For twins in the fcc lattice, Ω is a <111> vector with 60° rotation 
(Figure 48). The same twin configuration can be described by a rotation 
through 70.5° about an <110> axis. For coherent twin boundaries, Ω is 
identical with the twin boundary (TB) normal and the TB is one of the 
four {111} slip planes. 
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Figure 48:  Stereogram of the angle/axis notation of fcc twins by a 60° 
 rotation about <111>. The twinned grains are represented 
 by their cubic axes [93] 
TBs are often characterised by the parameter Σ of the coincidence site 
model. The coincidence site lattice (CSL) is the smallest common 
sublattice of two neighboring grains and the parameter Σ is the volume 
ratio between coincidence site lattice and the original lattice. The value  
Σ = 3 for TBs show that the coincidence sites are dense: each third atom 
on both sites of the TB has the same place on the coincidence site 
lattice (“high coincidence”) [93]. Hence, for coherent TBs low interface 
energies would be expected. A grain boundary having misorientation 
angles in the range 51–65° is categorized as a Σ3 boundary 
representing an annealing twin [94].  
In this present research twin boundaries were determined by applying 
the twin criteria as follows [93,95,96]: 
• Misorientation between matrix and twin: a boundary must have a 
misorientation near 60° about <111> to be considered an fcc 
annealing twin. 
• Plane matching: the (111) planes in the crystal lattices on either 
side of the boundary plane must be aligned with the boundary 
plane. 
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4.11 Summary of experiments performed in this research 
Table 11 shows the summary of experiments performed in this research. 
The steel L-Mn-Al was investigated for all the test items. The steel Mn-C 
was investigated almost all the test items except tensile tests of HRC. 
The steel H-Mn-Al (that has the same steel concept as the steel L-Mn-Al 
but the mechanical properties are worse than those of the steel L-Mn-Al) 
was tested almost all the test items, except tensile tests for different 
solution treatment temperatures, Nakajima tests for determining FLD, 
and EBSD investigation. 
Table 11: Summary of experiments performed in this research 
Experiment L-Mn-Al H-Mn-Al Mn-C 
Tensile test at room temperature 
As HR and as HRC steels Yes Yes Only HR 
HR steel with varied solution treatment time Yes Yes Yes 
HR steel with varied solution treatment 
temperature 
Yes No Yes 
Tensile test at -40 and +100 °C 
HR steel with solution treatment at 1000 °C/ 
30 min 
Yes Yes Yes 
Nakajama tests for determining FLD 
HR steel with solution treatment Yes No Yes 
Microstructural investigation 
Colour etching and microcopy Yes Yes Yes 
SEM&EBSD Yes No Yes 
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5. Experimental results 
5.1 Effects of solution treatment time 
5.1.1 Tensile properties of the steels at room temperature 
Tensile properties at room temperature of the investigated steels after 
solution treatment at 1000 °C for different times are shown in Table 12. 
All investigated steels possess tensile strength of more than 700 MPa 
with total elongation of more than 40%. All as-hot rolled steels exhibit 
quite good ductility, thus, the solution treatment before cold rolling is 
considered to be unnecessary. A parameter calculated from the product 
of Rm and A50 is also provided. By considering this parameter the 
mechanical properties of hot rolled and air cooled (HR) steels ranked 
from the lowest- to the highest value are as follows: steel H-Mn-Al, steel 
L-Mn-Al and steel Mn-C, respectively. The solution treatment at 1000 °C 
improves the total elongation (A50) of the steels L-Mn-Al and H-Mn-Al, 
while there is no considerable effect on A50 of the hot rolled and air 
cooled (HR) steel Mn-C.  
It is also observed that the yield stress of the investigated steels can be 
adjusted by varying solution treatment time. With increasing solution 
treatment time at 1000 °C the yield stress tends to be decreased. The 
yield stress of all investigated steels is significantly decreased after the 
solution treatment at 1000 °C for 30 minutes. 
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Table 12: Mechanical properties of the investigated steels from group 
 no. 1, 2, 4, 5, 6 and some from group no. 3 of Figure 35. 
Steel Heat treatment 
Rp0.2 
(MPa) 
Rm  
(MPa) 
Au 
(%) 
A50 
(%) 
Rm × A50  
(MPa%) 
Hot rolled+air 
cooled (HR) 553 827 48 53 43831 
HR+1000°C/5min 519 838 50 55 46090 
HR+1000°C/30min 366 769 63 66 50754 
Hot rolled+coiling 
simulated (HRC) 464 733 50 52 38116 
HRC+1000°C/5 min 457 751 53 56 42056 
L-Mn-Al 
(Fe-
26.5%Mn-
3.6%Al-
2.2%Si-
0.38%C-
0.005%B 
steel) HRC+1000°C/30min 360 754 58 62 46748 
HR 593 813 41 44 35772 
HR+1000°C/5min 500 772 50 54 41688 
HR+1000°C/30min 331 718 61 63 45234 
HRC 541 765 48 50 38250 
HRC+1000°C/5min 454 757 56 61 46177 
H-Mn-Al 
(Fe-
30.0%Mn-
3.1%Al-
1.9%Si-
0.36%C 
steel) HRC+1000°C/30min 312 738 65 66 48708 
HR 502 1040 50 54 56160 
HR+1000°C/5min 369 1037 53 55 57035 
Mn-C 
(Fe-
18.9%Mn-
0.62%C-
0.02%Ti-
0.005%B 
steel)* 
HR+1000°C/30min 341 961 53 53 50933 
* no HRC and HRC+solution treated conditions 
Engineering stress-strain curves from tensile tests of the steel L-Mn-Al 
for different solution treatment times are shown in Figure 49. The steel 
exhibits smooth stress-strain curves. 
Differential n-value (strain hardening exponents) against true strain 
curves of the steel L-Mn-Al for different solution treatment times are 
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shown in Figure 50. It is observed that n-values of the steel tend to be 
increased with increasing solution treatment time. The straight line n=ε 
corresponding to the Considère criterion [97] was also drawn on the 
figure. The maximum n-values occur in the strain range of 0.38-0.44. 
Finally, necking occurs when the Considère criterion is fulfilled. The high 
n-values lead to high uniform elongations of the steels.  
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Figure 49:  Engineering stress-engineering strain curves of the steel  
 L-Mn-Al for different solution treatment times 
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Figure 50:  Differential n-value against true strain curves of the steel L-
 Mn-Al for different solution treatment times 
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The steel H-Mn-Al also exhibits smooth stress-strain curves (Figure 51). 
200
400
600
800
1000
1200
0.0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8
Engineering strain
En
gi
n
ee
rin
g 
st
re
ss
 
(M
Pa
)
HRC
HRC+1000 °C/5 min
HRC+1000 °C/30 min
HR
HR+1000 °C/5 min
HR+1000 °C/30 min
 
Figure 51:  Engineering stress-engineering strain curves of the steel H-
 Mn-Al for different solution treatment times 
Differential n-value against true strain curves of the steel H-Mn-Al for 
different solution treatment times are shown in Figure 52. It is obvious 
that n-values of this steel are increased with increasing solution 
treatment time. The maximum n-value of this steel is about 0.6 that is 
comparable to that of the steel L-Mn-Al. 
The hot rolled (HR) and hot rolled and solution treated (HR+ST) steels 
Mn-C possess high tensile strengths with serrated stress-strain curves or 
Portevin-Le Chatelier (PLC) effect (Figure 53). The HR and HR+ST 
steels Mn-C show serrated stress-strain curves without any stress drop 
before fracture, which refers rare necking in the fractured tensile 
specimens.  
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Figure 52:  Differential n-value against true strain curves of the steel H-
 Mn-Al for different solution treatment times 
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Figure 53:  Engineering stress-engineering strain curves of the steel 
 Mn-C for  different solution treatment times 
Differential n-value against true strain curves of the steel Mn-C are 
shown in Figure 54. The steel shows quite high n-values. The n-strain 
curves of the HR and HR+ST steels show pronounced serrations, 
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especially at high strain values. This may be the cause of failure of the 
HR and HR+ST steels before the Considère criterion is fulfilled. 
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Figure 54: Differential n-value against true strain curves of the steel 
 Mn-C for different solution treatment times 
True stress and strain hardening rate against true strain curves of the 
investigated steels for different solution treatment times are shown in 
Figure 55-Figure 57. The steel L-Mn-Al possesses high strain 
hardening rates at the onset of the deformation (Figure 55). The strain 
hardening rates are rapidly decreased at true strains between 0-0.07. 
After that, they are slightly decreased until the strain value near uniform 
elongation, and then rapidly decreased again. The steel with different 
solution treatments show the similar characteristics. 
Figure 56 shows the true stress and strain hardening rate against true 
strain curves of the steel H-Mn-Al. The behaviour is similar to that of the 
steel L-Mn-Al. However, the HR and the HRC steels H-Mn-Al with 
solution treatment at 1000 °C for 30 min show distinctly higher strain 
hardening rates compared with the steel H-Mn-Al without solution 
treatment or with solution treatment at 1000 °C for 5 min. 
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Figure 55: True stress and strain hardening rate against true strain 
 curves of the steel L-Mn-Al for different solution treatments. 
 
Figure 56:  True stress and strain hardening rate against true stain 
 curves of the steel H-Mn-Al for different solution treatments 
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The true stress and strain hardening rate against true strain curves of 
the steel Mn-C are shown in Figure 57. Serrations of strain hardening 
rate-true strain curves are obviously observed for the HR and HR+ST 
steels. The strain hardening rates at stage B of HR and HR+ST steels 
Mn-C are reduced from about 2800 to 1900 MPa, however, the strain 
hardening rates are higher than those of the steels L-Mn-Al and H-Mn-Al. 
From the true stress and strain hardening rate against true strain curves, 
the HR and HR+ST steels Mn-C exhibit the behaviour that the true strain 
at necking occurs before reaching the instability strain according to the 
so-called Considère-criterion at which the strain hardening rate equals to 
true strain, σ = (∂σ/∂ε) [88]. Inhomogeneous deformation or PLC effect is 
expected to be the cause of the deviation of the strain at necking from 
experiment and the instability strain according to the Considère-criterion. 
 
Figure 57: True stress and strain hardening rate against true stain 
 curves of the steel Mn-C for different solution treatments 
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5.1.2 Microstructure 
5.1.2.1 Microstructure by light optical microscopy 
The microstructural investigation of the investigated steels by optical 
microscopy was carried out after colour etching specimens with the 
modified Klemm solution described in the part 4.9. Figure 58 reveals the 
microstructure of the HR and HRC steels L-Mn-Al prior deformation. 
Single phase austenite indicated by brown colour (according to the 
phase discrimination by the colour etching of Schumann [90]) of the HR 
and HRC steels is observed. The grain size of the HR steel (Figure 58a) 
is smaller than that of HRC steel (Figure 58b). The tensile strength of the 
HR steel is about 100 MPa higher than that of the HRC steel. The 
elongations at fracture of both steels are close to each other (about 
52%). 
  
a) hot rolled+air cooled (HR) b) hot rolled+coiling simulation 
(HRC) 
Figure 58: Light optical micrographs of the steel L-Mn-Al 
The microstructure of the steel H-Mn-Al is shown in Figure 59. The grain 
size of the HRC steel H-Mn-Al is smaller than that of the HRC steel L-
Mn-Al (Figure 58). Twin bands can be obviously observed in the high 
magnified figures (Figure 59 c) and d)). The higher tensile strength of the 
HRC steel H-Mn-Al leads to the higher value of Rm × A50 compared with 
that of the HRC steel L-Mn-Al.  
Annealing twin band 
One side twin 
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a) hot rolled+air cooled (HR) b) hot rolled+coiling simulation 
(HRC) 
  
c) hot rolled+air cooled (HR) d) hot rolled+coiling simulation 
(HRC) 
Figure 59: Micrographs of the steel H-Mn-Al 
Different types of annealing twins, i.e. one-sided twin, central twin, 
incomplete parallel-side twin and complete parallel-sided twin observed 
by optical microscopy are schematically represented in Figure 60 a). 
The morphologies of these annealing twins are different from the 
deformation twin observed after applying deformation (Figure 60 b)). 
 
Complete parallel-
side twin 
 
Central twin 
One side twin 
Incomplete parallel-side twin 
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One-sided twin 
Complete parallel-side twin
Central twin
Incomplete parallel-side twin
 
          a)        b) 
Figure 60: Morphologies of twinned grains: a) annealing twins; b) 
deformation twin [98,99] 
The microstructure of the HR and ST steel L-Mn-Al is shown in Figure 
61. By the colour etching, austenite appears as yellow to brown and light 
blue to dark blue [90]. By this means the specimen prior deformation 
contains only austenite phase (Figure 61 a)). This result was confirmed 
by EBSD analysis in the part 5.1.2.2. Many deformation bands are 
observed in the specimen after tensile test (Figure 61 b)). 
  
a) prior deformation b) at uniform elongation 
Figure 61: Micrographs of the HR+1000°C/30min+water quenched steel 
 L-Mn-Al 
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Figure 62 shows the microstructure of the HR+1000°C/30min ST steel 
Mn-C with a slight deformation by compression at the end part 
(machine-grip) of tensiled specimen. In the Figure 62 b), c) and d) areas 
with bright colour indicates the ε-martensite induced by compression 
during tensile test. In Figure 62 d) the thickness of ε-martensite plate at 
the centre of the grip mark is thicker than that at the area surrounding 
the centre. 
 
a) 
 
 
b) microstructure by colour 
etching 
c) grip marks from tensile test 
 
d) high magnification of b) 
Figure 62:  Micrographs of the HR+1000°C/30min+water quenched 
 steel Mn-C at the end part of tensiled specimen 
ε 
γ matrix 
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5.1.2.2 Microstructure by SEM with EBSD 
The phase constituents of selected specimens prior deformation and the 
phase constituents of selected specimens at uniform elongation after 
tensile test were investigated by EBSD. Figure 63 shows the phase map 
of HR+1000°C/30min ST steel L-Mn-Al. Almost single phase austenite is 
observed. It should be noted that the analysis was performed by 
considering all scanned points with the confidence index (CI) of 0-1. 
With increasing confidence index, e.g. for CI between 0.1 and 1, the      
ε-martensite should not be found. 
50 µm
 
ε martensite
 
 
Scanned area: 154 µm x 444 µm 
Step size: 0.5 µm 
Figure 63:  Phase map of the HR+1000°C/30min solution treated steel 
 L-Mn-Al prior deformation 
Figure 64 shows the image quality map of HR+1000°C/30min ST steel 
L-Mn-Al. In this figure twin boundaries are marked as red lines using the 
criteria with a misorientation of 60° about <111> axis together with an 
angular tolerance of 1°, and (111) planes at twin boundaries. All other 
pixels are coloured according to different grey levels, related to the 
Kikuchi Pattern Quality index (black-to-white pixel gray levels indicate 
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increasing KPQ values). The KPQ index is often low in regions with high 
defect densities. Thus, it is efficient to reveal details of the microstructure, 
e.g. grain boundaries. 
50 µm
   
Figure 64: Image quality map and marks of twin boundaries of the 
 HR+1000°C/30min solution treated steel L-Mn-Al prior 
 deformation 
Figure 65 shows an inverse pole figure (IPF) map depicting the crystal 
axis aligned with the sample normal direction (ND) of HR+1000°C/30min 
ST steel L-Mn-Al. The steel consists of single phase austenite. Different 
orientations of austenite grains are observed. In addition, different 
orientations of crystal lattices in an austenite grain with twin boundaries 
can be observed. The colour coding of the unit triangle applies for all 
following γ IPF maps. 
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50 µm
  
Figure 65:  Inverse pole figure (IPF) map of γ and marks of twin 
 boundaries of HR+1000°C/30min solution treated steel  
 L-Mn-Al prior deformation 
The image quality and IPF maps of austenite of the HR+1000°C/30min 
ST steel L-Mn-Al after tensile test at room temperature are shown in 
Figure 66 a) and Figure 66 b), respectively. The specimen consists of 
single phase austenite. A lower part of Figure 66 b) marked as area 1 
shows an austenite grain consisting of a deformed matrix with crystal 
axes varying around <111> being aligned with the sample ND (colours 
varying between turquoise, violet and blue) and deformation bands of 
different orientations (rather <001> || ND, colours varying between red, 
orange and pink). Figure 66 c) shows the image quality map of the steel 
with marks of twin boundaries (yellow) by the criteria mentioned in 
Figure 64. However, since the deformation might have continued after 
twinning, the set angle tolerance has been increased to 5°. The fact that 
the boundaries fulfilling this criterion concur with the boundaries between 
matrix and deformation bands infers that deformation twinning is the 
dominant deformation mechanism for this specimen. 
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a) Image quality (IQ)        b) IPF map of γ   c) IQ map + marks of 
    map              twin boundaries 
Scanned area: 29 µm x 65 µm 
Step size: 0.1 µm 
Figure 66: EBSD analysis of the HR+1000°C/30min ST steel L-Mn-Al 
 after tensile test at room temperature 
Figure 67 shows the EBSD analysis of the HR+1000°C/30min ST steel 
Mn-C. Almost single phase austenite with a few parallel plates of the 
thermally triggered ε-martensite (<1 %) is observed. It indicates that the 
martensite start temperature Ms ε→γ  is higher than room temperature. By 
considering austenite stability this steel is less stable compared with the 
steel L-Mn-Al that consists of single phase austenite. The IPF map of γ 
of this steel shows a larger difference in colouring within grains of this 
steel (Figure 67 b) compared with those of the HR+1000°C/30min ST 
steel L-Mn-Al (Figure 65). This means that there is a larger deviation of 
local orientations in grains of the steel Mn-C than that of the steel L-Mn-
Al. The colour coding of the hexagonal unit triangle applies for all 
following ε IPF maps. 
Figure 68 shows the EBSD analysis of the HR+1000°C/30min ST steel 
Mn-C. The specimen was taken from the uniform elongated part after 
tensile test. Figure 68 a) shows the image quality map with marks of twin 
boundaries of the steel. The adjusted criteria with 60° <111> together  
1 
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a) IQ map        b) IPF map of γ c) IPF map of ε (ε ≈ 0.4% 
              of points with CI>0.1) 
Scanned area: 146.5 µm x 431 µm 
Step size: 0.5 µm 
Figure 67: EBSD analysis of the HR+1000°C/30min solution treated 
 steel Mn-C prior deformation 
     
a) IQ map with marks of  
     twin boundaries 
b) IPF map of γ c) IPF map of ε  
    (ε ≈ 6.1% of points  
    with CI>0.1) 
 
Scanned area: 31 µm x 85 µm 
Step size: 70 nm 
Figure 68: EBSD analysis of the HR+1000°C/30min solution treated 
 steel Mn-C after tensile test at room temperature 
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with an angle tolerance of 5° (cf. above), and (111) planes at twin 
boundaries were used in order to clearly observe deformation twin 
boundaries (marked as yellow). In Figure 68 c) an increase in ε-
martensite fraction in this deformed specimen compared to the 
specimen prior deformation (Figure 67) is partly due to statistical effects 
as consequence of the reduction of the scan area. However, also in 
scans of a scan area comparable to Figure 67, a higher fraction of         
ε-martensite (2.3% of points indexed with a confidence index greater 
than 0.1) was detected. This indicates that a little transformation induced 
plasticity (TRIP) took place. 
From the results in Figure 67 and Figure 68 it can be concluded that 
both TWIP and slight TRIP mechanisms took place in this specimen. 
Figure 69 shows the IPF map of γ of the HR+1000°C/30min ST steel 
Mn-C after tensile test. The point-to-point misorientation of crystal 
lattices of austenite across twin bands along the line A-B was measured. 
It is observed that the point-to-point misorientation at twin boundaries 
has angles near 60°; that is the ideal twin-matrix misorientation. 
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Figure 69:  IPF map of γ of the HR+1000°C/30min solution treated steel 
 Mn-C after tensile test at room temperature 
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5.2 Effects of solution treatment temperature 
5.2.1 Tensile properties of the steels at room temperature 
Mechanical properties at room temperature of the investigated steels for 
different solution treatment temperatures are shown in Table 13. The 
solution treatment at 900-1100 °C for the steel L-Mn-Al and at           
700-1100 °C for the steel Mn-C were selected according to the γ-range 
(see Figure 36 and Figure 38). For the solution treatment time of 30 
minutes all solution treatment temperatures can be used to process the 
investigated steels in order to achieve tensile strengths over 700 MPa. 
Increasing solution treatment temperature increases the grain size and 
reduces the tensile strength of the solution treated steels. 
From the result of microstructural investigation of the steels prior 
deformation and the steels after tensile test, it can be found that the 
steel L-Mn-Al has higher austenite stability in aspect of suppressing γ→ε 
transformation than the steel Mn-C. Tensile properties of the 
investigated steels after solution treatments show an appreciable 
difference between the two steels. The higher austenite stability steel L-
Mn-Al possesses a smaller change in mechanical properties for different 
solution treatment temperatures compared with the lower austenite 
stability steel Mn-C does. A higher solution treatment temperature 
causes a larger grain size that reduces austenite stability of the steel 
[100]. This is expected to be the cause of the detrimental effect on 
mechanical properties of high-temperature solution treated steel Mn-C. 
For the steel Mn-C after solution treatment at 700 °C for 30 min and 
water quenching, it possesses an average grain size of 24 µm and 
single phase γ without ε-martensite. The single phase austenite after this 
solution treatment differs from the mixed phases of austenite and          
ε-martensite in other solution treated steels with larger grain sizes. This 
corresponds to the observation from Lee and Choi [ 101 ] that with 
decreasing austenite grain size, especially below ~30 µm, the γ→ε 
transformation is restrained. 
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For the steel Mn-C after solution treatment at 1100 °C and water 
quenching a considerable amount of ε-martensite up to about 38% is 
also observed besides the austenite phase. The product of tensile 
strength and total elongation of this solution treated steel is significant 
lower than that of the steel processed by using other solution treatment 
temperatures. 
Table 13: Effect of solution treatment temperature on mechanical 
 properties and microstructure of the steels L-Mn-Al and 
 Mn-C (from group no. 3 of Figure 35) 
Steel Solution 
treatment 
condition 
(°C/min) 
Grain 
size 
(µm) 
Crystal 
structure 
prior 
deforma-
tion 
Crystal 
structure 
after 
deforma-
tion 
Rp0.2 
(MPa) 
Rm 
(MPa) 
Au 
(%) 
A50 
(%) 
Rm × A50 
(MPa%) 
HR n.d. γ γ 553 827 48 53 43831 
900 /30 
Inhomo-
geneous/ 
mixed 
sizes 
γ n.d. 365 775 62 67 51925 
1000/30 32  γ γ 366 769 63 66 50754 
L-
Mn-
Al 
1100/30 121 γ γ 325 731 71 76 55556 
HR n.d. γ+ε γ+ε 502 1040 50 54 56160 
700/30 24 γ γ+ε 397 1038 56 63 65394 
900/30 n.d. n.d. n.d. 310 981 63 66 64746 
1000/30 43 γ+ε γ+ε 341 961 53 53 50933 
Mn-C 
1100/30 n.d. γ+ε n.d. 291 822 39 40 32880 
n.d. = Not determined 
Stress-strain curves of the steels L-Mn-Al and Mn-C for different solution 
treatment temperatures are shown in Figure 70 and Figure 71, 
respectively. It is observed that the yield stress and tensile strength of 
solution treated steel are lower compared with those of the hot rolled 
steel without solution treatment. The product of tensile strength and total 
elongation of appropriate solution treated steels is higher compared with 
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those of the hot rolled steel without solution treatment, which mainly 
results from an improvement in ductility of the solution treated steels. 
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Figure 70:  Engineering stress-engineering strain curves of the steel  
 L-Mn-Al for different solution treatment temperatures 
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Figure 71:  Engineering stress-engineering strain curves of the steel 
 Mn-C for  different solution treatment temperatures 
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Since the deformation mechanism and corresponding mechanical 
properties of deformation induced plasticity steels are appreciably 
dependent on temperature, therefore, a measurement of temperature 
variation of tensile specimen during testing was carried out. Figure 72 
shows the temperature distribution of the HR+1000 °C/30 min ST steel 
Mn-C during quasi-static tensile testing with a strain rate of 6.7x10-4 s-1 at 
RT. 
The temperature measurement was performed along the centre of the 
width of specimen and within the gauge length. Besides an average 
temperature for each strain value, the difference between the maximum 
temperature and the minimum temperature within the gauge length is 
also shown. It can be observed that the average temperature during the 
tensile test can be varied up to +10 K. 
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Figure 72: Temperature distribution of the HR+700°C/30 min+quenched 
 steel Mn-C during tensile testing 
 
 
 Experimental results   94 
 
5.2.2 Microstructure 
The EBSD analysis of the HR+700°C/30min solution treated steel L-Mn-
Al is shown in Figure 73. Different boundaries were marked: grain 
boundaries as blue, twin boundaries as yellow, and subgrain boundaries 
as light green (Figure 73 b)). At least two types of grain morphology can 
be observed: the first one is rather small grains with marks of twin 
boundaries inside; and the other one is large grains with a large 
distribution of crystal orientation within a grain. 
           
 
a) IQ map b) IQ map+marks of different  
 boundaries 
c) IPF map of γ 
 
Scanned area: 114 µm x 471 µm 
Step size: 0.3 µm 
Figure 73:  EBSD analysis of the HR+700°C/30min solution treated steel 
 L-Mn-Al prior deformation 
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Figure 74 shows the IPF map of γ of the HR+1100°C/30min solution 
treated steel L-Mn-Al. The misorientation of crystal lattices across 
annealing twin bands along the line A-B was measured and found to be 
close to 60°; that is the ideal misorientation between matrix and twin. 
Annealing twin bands with a width of about a few microns to some ten 
microns can be observed. 
 
Scanned area: 364 µm x 1150 µm 
Step size: 2 µm 
Figure 74:  Misorientation of crystal lattices across annealing twin
 bands of the HR+1100°C/30min ST steel L-Mn-Al 
Figure 75 shows the chart of grain size (diameter in micron) distribution 
of the HR+1100°C/30min solution treated steel L-Mn-Al. The average 
grain diameter excluding twin boundaries is 121 µm. 
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Figure 75:  The distribution of grain size of the HR+1100°C/30min ST 
 steel L-Mn-Al measured by EBSD analysis 
Figure 76 shows the EBSD analysis of HR+1100°C/30min ST steel      
L-Mn-Al after tensile test. Many twin boundaries were marked. Figure 76 
b) shows the marks of twin boundaries determined by using the criterion 
60° <111> with an angular tolerance of 1° and (111) planes at twin 
boundaries. In addition Figure 76 c) shows the mark of twin boundaries 
determined by using the criterion 60° <111> with an angular tolerance of 
5° and (111) planes at twin boundaries. Twin boundaries are more 
clearly observed in Figure 76 c) compared with Figure 76 b). 
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 a) IPF map of γ    b) IQ map + marks of   c) IQ map + marks of 
           twin boundaries        twin boundaries 
           (60°±1° <111>)        (60°±5° <111>) 
 
Scanned area: 38 µm x 100 µm 
Step size: 0.1 µm 
Figure 76: EBSD analysis of the HR+1100°C/30min solution treated 
 steel L-Mn-Al after tensile test 
Figure 77 shows the IPF map of γ of the HR+1100°C/30min ST steel    
L-Mn-Al after tensile test. It is observed that the misorientation of crystal 
lattices across deformation twin bands (along the line A−B) is close to 
60°. However, the deviation of misorientation between matrix and 
deformation twin from 60° is larger compared with that of the 
misorientation between matrix and annealing twin (Figure 74). 
Deformation twins with a width of about 1 µm or less is observed, which 
is much narrower than the annealing twins of the same steel (Figure 74). 
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Figure 77: IPF map of γ of the HR+1100°C/30min ST steel L-Mn-Al 
Figure 78 shows the phase map of the HR+700°C/30min ST steel Mn-C. 
Single phase austenite is observed after the low-temperature solution 
treatment. 
      
Scanned area: 131 µm x 474 µm 
Step size: 0.4 µm 
Figure 78: Phase map of the HR+700°C/30min ST steel Mn-C 
Iron (Epsilon) 
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Figure 79 shows the EBSD analysis of HR+700°C/30min ST steel Mn-C. 
The boundaries were marked by using different criteria. At least two 
types of grain morphology can be observed: the first one is rather small 
grains with marks of twin boundaries inside, and the other one is rather 
large grains with a high density of crystal misorientation in the range 
between 1° and 5° inside that are marked as red traces. 
     
a) IQ map         b) IQ map with marks of different boundaries 
 
Scanned area: 131 µm x 355 µm 
Step size: 0.4 µm 
Figure 79:  EBSD analysis of the HR+700°C/30min solution treated 
 steel Mn-C prior deformation 
Figure 80 shows the IPF map of γ of the HR+700°C/30min ST steel   
Mn-C after tensile test. It can be observed that the misorientation of 
crystal lattices across deformation twins is close to 60°. Deformation 
twins with a width of less than 1 µm can be observed. 
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Scanned area: 37 µm x 68 µm 
Step size: 0.1 µm 
Figure 80: Misorientation of crystal lattices across deformation twins 
 (along the line A-B) of the HR+700°C/30min ST steel Mn-C 
 after tensile test 
Figure 81 shows the EBSD analysis of the HR+1100°C/30min ST steel 
Mn-C. A significant amount of ε-martensite (about 38% of the analysed 
area) is observed after the high-temperature solution treatment. The 
enhancement of γ→ε transformation by high-temperature annealing was 
also observed by Jang et al. [102]. The authors attributed that the 
increased driving force for the γ→ε transformation by high-temperature 
solution treatment may result from dissolving complex dislocations like 
dislocation tangles and networks, which were inherited from the prior 
rolling. Fewer obstacles exist in the structure to hinder the motion of 
Shockley partials, enhancing the γ→ε transformation. 
Besides high-temperature solution treatment, long-time solution 
treatment has been investigated in the previous paper and it was found 
that increasing homogenization time increases the average grain size 
and thickness of ε-martensite plates [ 103 ]. The large grain size of 
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austenite rises Ms temperature and provides the easier ε-martensite 
formation [43,100,103]. 
      
Iron - Epsilon
 
a) IQ map          b) Phase map 
 
 
 
Figure 81: EBSD analysis of the HR+1100°C/30min solution treated 
 steel Mn-C prior deformation 
5.3 Effects of test temperature 
5.3.1 Tensile properties of the steels at different temperatures 
Tensile tests of the investigated steels after solution treatment at      
1000 °C for 30 minutes were carried out also at -40 °C and at 100 °C. 
The result is shown in Table 14. The product of tensile strength and total 
elongation of the steel Mn-C is more dependent on test temperature 
than those of the steels L-Mn-Al and H-Mn-Al. Increasing test 
temperature improves the value of Rm × A50 for the lower austenite 
stability steel Mn-C. A considerable amount of strain-induced ε+α′-
martensites (≈ 53%) is observed in the steel Mn-C after tensile test at     
-40 °C. The possible detriment of α'-martensite by the γ→ε→α' 
Scanned area: 161 µm x 485 µm 
Step size: 0.3 µm 
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mechanism on tensile properties of the steel will be discussed in the part 
6.2. 
Table 14: Effects of test temperature on mechanical properties of the 
 steels from group no. 3 of Figure 35. 
Steel 
Test  
tempe-
rature 
(°C) 
Crystal 
structure 
prior 
deforma-
tion 
Crystal 
structure 
after 
deforma-
tion 
Rp0.2 
(MPa) 
Rm 
(MPa) 
Au 
(%) 
A50 
(%) 
Rm×A50 
(MPa%) 
-40 γ γ* 484 968 49 49 47432 
23 γ γ 366 769 63 66 50754 
L-Mn-
Al  
100 γ γ 278 708 68 70 49560 
-40 γ γ 433 823 61 62 51026 
23 γ γ 331 718 61 63 45234 
H-
Mn-Al  
100 γ γ 269 662 63 64 42368 
-40 γ+ε 
γ+ε+ 
(α+α′) 372 976 32 32 31232 
23 γ+ε γ+ε 341 961 53 53 50933 
Mn-C 
100 γ+ε γ 305 918 70 73 67014 
*Possible onset of ε 
Stress-strain curves and microstructure of the hot rolled+1000°C/30min 
ST steel L-Mn-Al for different test temperatures are shown in Figure 82. 
The product of Rm × A50 for each test temperature is close to each 
another. The stress-strain curve of the investigated steel deformed at     
-40 °C has no stress drop after reaching a maximum stress. The 
microstructure shows austenite matrix with light-blue thin bands (γ) or 
possible white-trace of ε-martensite (in some localised areas only) at the 
test temperature of -40 °C. However, for a low magnified micrograph 
only γ-matrix with thin bands with light blue colour (γ) is observed 
(Figure 83). Therefore, TWIP mechanism is attributed to be the 
dominant deformation mechanism, while TRIP mechanism may only 
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start to take place. Deformation bands of the tensiled specimen after 
testing at 100 °C is clearly observed after etching with HNO3 (Figure 84). 
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Figure 82:  Engineering stress-engineering strain curves and 
 microstructure of the HR+1000°C/30min ST steel L-
 Mn-Al for different test temperatures 
 
Figure 83: Colour etched microstructure of the hot rolled+1000°C/30min 
 solution treated steel L-Mn-Al after tensile test at -40 °C 
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Figure 84:  HNO3 etched microstructure of the hot rolled+1000°C/30min 
 solution treated steel L-Mn-Al after tensile test at 100 °C 
Stress-strain curves and microstructure of the hot rolled+1000°C/30min 
ST steel H-Mn-Al for different test temperatures are shown in Figure 85. 
The microstructure prior deformation and after deformation reveals 
single phase austenite for all test temperatures. The austenite phase of 
this steel is more stable compared with the steel L-Mn-Al because of no 
white traces of ε-martensite is observed after tensile test at -40 °C. This 
is expected to be the result from the higher Mn content in the steel H-
Mn-Al. 
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Figure 85:  Engineering stress-engineering strain curves and 
 microstructure of the hot rolled+1000°C/30min ST 
 steel H-Mn-Al for different test temperatures 
Stress-strain curves and microstructure of the hot rolled+1000°C/30min 
ST steel Mn-C for different test temperatures are shown in Figure 86. 
Serrated stress-strain curve is obviously observed for the deformation at 
room temperature and at 100 °C but it disappears for the deformation at 
-40 °C. The microstructure shows a decrease in austenite stability as 
decreasing test temperature, which reveals by white areas of                 
ε-martensite after deformation at RT. With further decreasing test 
temperature to -40 °C larger white areas of ε-martensite and also black-
thin bands of α′-martensite are observed. 
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Figure 86:  Engineering stress-engineering strain curves and 
 microstructure of the hot rolled+1000°C/30min ST steel 
 Mn-C for different test temperatures 
5.3.2 Microstructure 
The IQ and phase maps of the HR+1000°C/30min ST steel Mn-C after 
tensile test at -40 °C are shown in Figure 87. At this low-deformation 
temperature the fraction of ε-martensite is increased after tensile test. In 
addition, α'-martensite is observed (The difference in the crystal 
structure between α-ferrite and α'-martensite is too small to be 
measured directly with EBSD [104], therefore the phase was indexed 
with α-Iron). By considering the area in the white parabola the austenite 
(marked as light-green) can be observed as thin bands after a large 
fraction was transformed induced by strain into ε-martensite (yellow 
areas). It is also observed that a further transformation into α'-martensite 
took place within ε-martensite only. Therefore, the deformation 
mechanism in this condition should be the double martensite 
transformation (γ→ε→α'); the ε-martensite is formed as an intermediate 
stage in the γ→ε→α' transformation. 
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     a) IQ map         b) Phase map 
 
 
 
Figure 87:  IQ and phase maps of the HR+1000°C/30min solution 
 treated steel Mn-C after tensile test at -40 °C 
Figure 88 a), b) and c) show the IPF maps of austenite, ε-martensite 
and (α+α'), respectively, of the specimen in Figure 87. The orientations 
of crystal lattices of the transformed product phase in the same grain 
seem to be the same orientation. 
10 µm
  
10 µm
          
10 µm
 
a) IPF map of γ  b) IPF map of ε           c) IPF map of (α+α’) 
Figure 88: IPF maps of the specimen in Figure 87 
Scanned area: 39.6 µm x 91 µm 
Step size: 0.1 µm 
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5.4 Forming limit diagram (FLD) 
The Nakajima specimens of the HR+1100 °C/30min ST steel L-Mn-Al 
after forming are shown in Figure 89. It is observed that the crack of the 
specimens with wide widths did not occur at the center/top of the dome. 
This characteristic is also found in the case of the HR+700 °C/30min ST 
steel Mn-C. 
 
 
Figure 89:  Nakajima specimens of the HR+1100 C/30min ST steel 
 L-Mn-Al after forming by a half spherical stamp with a 
 diameter of 50 mm and a velocity of 1.5 mm/s 
Figure 90 shows the FLD of the HR+1100 °C/30min ST steel L-Mn-Al 
and the HR+700 °C/30min ST steel Mn-C. The forming limit curve 
represents the transition from safe material behaviour to material failure. 
The sheet steel can bear any degree of deformation below its limit curve. 
For the steel Mn-C in the plain strain mode (ϕ2=0) the ϕ1 value is about 
0.28, and the ϕ1 value is decreased to 0.25 at the ϕ2 value of 0.03. The 
forming limit curve of the steel L-Mn-Al possesses higher values of major 
strain compared with those of the steel Mn-C. The ϕ1 value of the steel 
L-Mn-Al is decreased from the highest value for one-axial draw mode (ϕ1 
= -2ϕ2) at the left-hand side of the diagram to the lowest value for stretch 
drawing mode (ϕ1 = ϕ2) at the right-hand side of the diagram. 
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Figure 90:  Nakajima tests of the steels L-Mn-Al and Mn-C (sheet 
thickness of 1.2 mm) with a punch diameter of 50 mm; 
velocity: 1.5 mm/s 
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6. Discussion 
6.1 Calculated SFE and deformation mechanism 
SFE is dependent on chemical composition and temperature. For the 
estimation of SFE in this present work, the thermochemical model 
according to Dumay et al. [35] was applied. This model is preferable to 
empirical formula because a wide range of alloying elements and test 
temperature can be considered. The model includes the influence of 
alloying elements, e.g. Fe, Mn, Al, Si and C. Table 15 shows the 
calculated SFE of the investigated steels. The higher SFE the higher 
stability of austenite in respect of suppressing austenite→martensite 
transformation is expected. 
Table 15:  Calculated SFEs of the investigated steels for different 
 temperatures 
Temperature 
(°C) 
Empirical formula/Model  
for calculating SFE 
L-Mn-
Al 
H-Mn-
Al Mn-C 
-40 Model from Dumay et al. 35 39 8 
RT Formula from Pickering (in 
Table 3) 
121 111 249 
27 Formula from Dai et al. (in 
Table 3) 
48 59 68 
23 Model from Dumay et al. 39 41 18 
100 Model from Dumay et al. 48 48 33 
From Table 15 the difference between the calculated SFE by the 
empirical formulae and the calculated SFE by the model by Dumay et al. 
is found. The calculated SFE of steel Mn-C at RT by empirical formulae 
is higher than those of the steels L-Mn-Al and H-Mn-Al, while the 
calculated SFE by using the model according to Dumay et al. shows the 
contrary result. From the experimental result of the present work the 
steels L-Mn-Al and H-Mn-Al possess higher austenite stability in respect 
of suppressing austenite→martensite transformation than the steel Mn-C 
does. The deviation of the result predicted by empirical formulae may 
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result from the fact that the empirical formulae consider only some usual 
alloying elements, e.g. for stainless steels, whereas the model according 
to Dumay et al. also considers elements like Al and Si. In addition the 
model is also aimed to be used for designing newly developed high Mn 
steels. 
SFE is one of the most important parameters used to control 
deformation mechanisms. As SFE is increased, the dominant 
deformation mode is shifted from ε-martensite formation to deformation 
twinning and then to slip was observed [28]. Different proposed 
relationships between the ranges of SFE and corresponding active 
modes of plastic deformation were collected from different papers and 
summarised in Table 16. 
Table 16:  Proposed relationships between SFE and deformation 
 mechanisms. 
Alloys (Source) SFE (mJ/m2) Expected mechanism 
SFE<12 Onset of α′-martensite 
formation Fe-Mn-C-X (Dumay et 
al. [35]) SFE<18 Onset of ε-martensite 
formation 
SFE < 18 ε-martensite formation 
12 < SFE < 38 Twinning Fe-Mn-X alloys (Cabañas Poy [8]) 
SFE > 38 Dislocation gliding 
In this present work an analysis of the correlation between calculated 
SFE from the model according to Dumay et al. and experimentally 
determined deformation mechanism of high Mn steels was performed by: 
- using experimental data from literature [47, 105] concerning tensile 
tests of high Mn-C steels for different temperatures and 
corresponding dominant deformation mechanisms 
- calculating SFEs of the steels from literature by using the 
thermochemical model according to Dumay et al. and finding a 
correlation between calculated SFEs and dominant deformation 
mechanisms. 
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The result of the analysis is shown in Table 17. From the result, it is 
expected that the value of calculated SFE at which deformation 
mechanism of high Mn-C steels is changed from TRIP to TWIP is about 
18 mJ/m2, and from TWIP to slip at about 55 mJ/m2 (or in the range of 
32-65 mJ/m2). 
Table 17: Correlation between calculated SFE and experimentally 
 determined deformation mechanism from literature 
Source 
Temperature 
(°C) 
Temperature 
(K) 
Cal. SFE 
(mJ/m2) 
Mechanism 
observed in the 
experiment 
7.5 280.5 6 TRIP 
24 297 8 TRIP 
42 315 9 TRIP 
57 330 11 TRIP 
127 400 22 TWIP 
177 450 32 TWIP 
Fe-
24.1Mn-
0.12C 
steel by 
Choi et 
al. [47] 
277 550 52 No TRIP&TWIP 
-196 77 7 Slip&TRIP 
-110 163 10 Slip&TRIP 
-40 223* 14 Slip&TRIP 
0 273 18 Slip,TWIP&TRIP 
25 298* 22 Slip&TWIP 
200 473* 55 Slip&TWIP 
250 523 65 Slip 
Fe-
22Mn-
0.6C 
steel by 
Scott et 
al. [105] 
400 673 96 Slip 
* The temperature is approximated from the figure in the paper. 
High Mn steels in the present work. The calculated SFE by the 
thermochemical model according to Dumay et al. of the investigated 
steels and expect deformation mechanisms are shown in Figure 91. The 
expected boundary between TWIP and TRIP at SFE of about   
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Figure 91:  Calculated SFE and TN of the investigated steels and 
 expected deformation mechanism 
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18 mJ/m2 is indicated. In addition the SFE of 12 mJ/m2 that α′-martensite 
formation is expected to initiate according to the expectation by Dumay 
et al. [35] is also marked in the figure. It is observed that the values of 
calculated SFE below TNγ  is increased compared with the dotted line that 
is extrapolated from SFEs in the temperature range above TNγ . This 
refers that the antiferromagnetic state of austenite stabiles austenite 
phase and restrains the austenite to martensite transformation. 
From the calculation of SFE it was expected that the steels L-Mn-Al and 
H-Mn-Al deformed by TWIP in the temperature range of -40 to 100 °C. In 
contrast, the steel Mn-C was expected to be deformed by TWIP at     
100 °C, by TWIP&TRIP with ε-martensite phase at 23 °C (RT) and by 
TRIP with (ε+α′)-martensite phases at -40 °C. The experimentally 
determined deformation mechanisms are corresponding to the predicted 
deformation mechanisms. The change in the dominant deformation 
mechanism for different temperatures of the steel Mn-C results in a large 
change in tensile properties as shown in Table 14. 
6.2 Deformation mechanism and mechanical properties 
Deformation mechanism and mechanical properties. The results of 
tensile tests and microstructural investigation by optical microscopy and 
colour etching of deformed specimens of the investigated steels for 
different test temperatures are summarised in Table 18. 
Figure 92 summarises the products of tensile strength (Rm) and total 
elongation (A50) of the investigated steels for different test temperatures. 
The expected dominant deformation mechanisms were determined from 
the results of microstructure investigation and type of flow curve 
(serrated flow is supposed to result from dynamic strain aging, DSA). 
From the figure it can be concluded that TWIP&DSA mechanisms give 
the highest value of Rm × A50 of the investigated steels. The steels 
alloyed with aluminium possess a smaller change in the value of Rm × 
A50 when test temperature is varied compared with the steels without 
aluminium alloying. 
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Table 18: Summary of the results of tensile tests and microstructure 
 investigation of deformed specimens for different test 
 temperatures 
Comparing 
austenite 
stability at 
RT 
Steel -40 °C 
(Colour/Morpho- 
logy, Au, A50, 
mechanism) 
23 °C 
(Colour/Morpho- 
logy, Au, A50, 
mechanism) 
100 °C 
(Colour/Morpho- 
logy, Au, A50, 
mechanism) 
H-Mn-Al Brown (γ) with 
deformation 
bands, 61%, 
62%, TWIP 
Brown (γ) with 
deformation 
bands, 61%, 
63%, TWIP 
Brown (γ) with 
deformation 
bands, 63%, 
64%, TWIP 
L-Mn-Al Brown and light 
blue (γ) with 
deformation 
bands (possibly 
a few points with 
white (ε)), 49%, 
49%, TWIP 
Brown and light 
blue (γ) with 
deformation 
bands, 63%, 
66%, TWIP 
Brown (γ) with 
deformation 
bands, 68%, 
70%, slight 
TWIP 
 
High 
 
 
 
 
 
 
 
 
Low 
γ 
stability 
 
Mn-C Brown (γ), white 
(ε) and black 
(α'), 32%, 32%, 
TRIP 
Brown&light 
blue (γ) with 
deformation 
bands (a few 
points with 
white (ε)), 53%, 
53%, TWIP& 
slight TRIP 
Brown&light 
blue (γ), 70%, 
73%, TWIP 
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Figure 92:  Tensile properties and expected dominant deformation 
 mechanisms of the steels for different test temperatures 
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Effect of the γ→ε→α' transformation on mechanical properties. 
Considering the tensile properties of the HR+1000 °C/30 min ST steel 
Mn-C tested at -40 °C, a relative low ductility with a total elongation of 
32% is obtained (Table 14). The microstructure of the deformed steel 
reveals a considerable amount of α'-martensite (∼ 12% of the analysed 
area) within ε-martensite plates. The strain induced γ→ε→α' 
transformation was found to be detrimental to the formability compared 
with the strain induced γ→ε transformation for Fe-Mn steels [ 106 ],       
Fe-Mn-Al-C steels [57], Fe-Mn-Cr stainless steels [107] and Fe-Cr-Ni 
stainless steel [108]. Increasing Mn content of the Fe-Mn-Al-C steels 
[57], and increasing Cr and N contents of the Fe-Mn-Cr stainless steels 
[107] can suppress the double martensitic transformation. 
6.3 Serrated flow 
In this investigation the stress-strain curves of the steels alloyed with Al 
exhibit smooth stress-strain curves, while the stress-strain curves of the 
steel Mn-C show serrations. The influence of Al addition on serrated flow 
was proposed from a previous publication.  
Shun et al. [109] investigated serrated flow in tensile tests of austenitic 
Fe-Mn-C and Fe-Mn-Al-C alloys. The result showed that serrated stress-
strain curves caused by dynamic strain aging (DSA) were found in a 
particular temperature range. Serrated flow was observed within the 
intermediate temperature range from 298 to 493 K for Fe-30%Mn-1%C 
alloy and from 393 to 593 K for Fe-30%Mn-2.7%Al-1%C alloy. The 
authors attributed that Al addition tends to reduce the carbon diffusivity, 
increases the activation energy for the onset of serrations, and thereby 
moves the serrated flow to higher temperatures; this inhibits serrated 
flow at room temperature. 
6.4 The onset of deformation twinning in flow curve 
The investigated steels deformed at RT mainly by TWIP mechanism, 
thus the mechanism is interesting to be analysed in detail. Asgari et al. 
[54] proposed that for materials deformed by twinning, the flow stress at 
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the initiation of deformation twinning is corresponding to the stress at the 
onset of stage B in the strain hardening rate-true stress diagram (see 
Figure 22), which correlates with primary twinning (a set of parallel twins 
covering a large fraction of the grain by activation of one twin system). 
In this present work deformation twinning was observed as the dominant 
deformation mechanism in the HR+1000 °C/30 min solution treated steel 
L-Mn-Al by tensile testing at -40 °C, RT and 100 °C. In Figure 93 strain 
hardening rate-true stress relations of the steel for different test 
temperatures were plotted. It can be observed that the stress for the 
onset of deformation twinning is reduced with increasing test 
temperature. However, the strain at the onset of deformation twinning is 
not changed as the temperature is changed (see Figure 94). 
 
Figure 93:  Strain hardening rate-true stress curves of the HR+1000 °C/
 30 min ST steel L-Mn-Al by tensile testing for different test 
 temperatures 
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Figure 94:  True stress and strain hardening rate against true strain 
 curves of the HR+1000 °C/30 min ST steel L-Mn-Al 
The strain hardening rate-true stress relations of the steel L-Mn-Al for 
different grain sizes by varying solution treatment temperature were 
plotted in Figure 95. It is observed that the stress for the onset of 
deformation twinning reduces with increasing grain size. This 
corresponds to the previous publication [110]. In stage B the strain 
hardening rate remains more or less constant with stress. The strain at 
the onset of deformation twinning is not changed by varying grain size 
(Figure 96). In the present cases, stage B occurred at the true stress 
range of 400-500 MPa, which corresponds to the true strain range of 
0.03-0.04. This implies that prior to twinning (before the onset of stage 
B), some dislocation interactions are required to create initiation sites for 
the twins. 
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Figure 95: Strain hardening rate-true stress curves of the HR+ST steel 
 L-Mn-Al for different grain sizes 
0
500
1000
1500
2000
2500
3000
3500
0.0 0.1 0.2 0.3 0.4 0.5 0.6
True strain
Tr
u
e 
st
re
s
s 
o
r 
st
ra
in
 
ha
rd
en
in
g 
ra
te
 
(M
Pa
)
Grain size 121 µm
Grain size 32 µm
 
Figure 96:  True stress and strain hardening rate against true strain 
 curves of the HR+ST steel L-Mn-Al for different grain sizes 
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6.5 Analysis of strain hardening behaviour by TWIP mechanism 
To analyse the strain hardening behaiour of the investigated steels 
deformed by deformation twinning the strain hardening model according 
to Kalidindi [55] is applied. The model is selected for analysing strain 
hardening behaviour in this present work because the strain hardening 
parameters of this model are expected to be related to material 
parameters e.g. SFE, shear modulus, magnitude of Burger’s vector and 
grain size as described in the part 2.7.4. Therefore, it may be used for 
alloy design. 
According to the model of the four-stage strain hardening response of 
the low SFE metals shown in Figure 22, the following expression was 
proposed for the saturation value of the deformation resistance of the 
metal: 
Ss = Sso + Sptw tanh((S - Sotw)/Str) + <S - Sitw>    (Eq. 8) 
The physical significance of these parameters can be understood by 
examining the schematics provided in Figure 97. The detail about 
definition of the parameters used can be found in the part 2.7.4. 
With the value of Ss from Eq. 8 the strain hardening rate-true stress 
curve can be calculated by the following equation: 
Λ
h (S) = ho(1-S/Ss)         (Eq. 7) 
where 
Λ
h (S) , ho and S represent the instant strain hardening rate, initial 
hardening rate and instant stress, respectively. 
The following features were obtained from the research work of Kalidindi 
[55]: 
- ho, So and Str are increased with decreasing grain size 
- ho/µ is increased with decreasing SFE/(µb) 
- Sptw is not changed with changing grain size 
In this present research the stress-strain curves up to tensile strength 
will be predicted using the model of strain hardening proposed by 
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Kalidindi. A parameter used in this research differing from the parameter 
from the model by Kalidindi is Sptw that can not be determined directly in 
this present investigation because of the early necking of tensile 
specimens compared with the larger values of strain by compression 
tests in the Kalidindi’s investigation. Therefore, the value Sptw in this 
present investigation will be trial to find a best fit value, and the value of 
Str also is changed with Sptw (thus, the Sptw and Str according to the 
model by Kalidindi will be called as Sptw’ and Str’, repectively, in this 
present work).  
 
 
 
Figure 97:  Schematic description of the physical significance of the 
 material hardening parameters in the model proposed by 
 Kalidindi [55] 
Stage A 
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twinning) 
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Figure 98 shows trial values of Sptw’ and Str’ for modelling the 1000 °C/30 
min ST steel L-Mn-Al deformed at room temperature. The considered 
range of strain hardening rate-true stress relationship starts from the 
onset of plastic strain until necking that is indicated by the line that strain 
hardening rate equals to true stress (Considère criterion). The Sptw’ value 
of 727 MPa is estimated according to the model by Kalidindi, which 
should be the minimum value of possible Sptw’ because an instability or 
necking can occur in tensile test, which is difficult or may be not possible 
to determine the extrapolation of stresses at stage C of the strain 
hardening model. From the trial result increasing Sptw’ value results in a 
better fit to the experiment strain hardening curve. The Sptw’ value of 
1800 MPa with Str’ value of 1500 MPa gives the best fit strain hardening 
curve for this test condition. 
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Figure 98:  Trial Sptw’ and Str’ for modelling the steel L-Mn-Al deformed 
 at RT; Sptw’ = 727, 1000, 14000, 1600 and 1800 MPa for 
 a),b),c),d) and e), respectively, and comparison of best fit 
 parameters for different Sptw’ and Str’ values in f) 
The strain hardening rate-true stress relationships of the steel L-Mn-Al 
for different grain sizes from the experiment and from the prediction 
were plotted in Figure 99. Parameters that fit to the model are indicated 
in the same figure. Increasing grain size tends to reduce So and Sotw, 
while the value of ho is not significantly changed with changing grain size 
in this experiment. 
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Figure 99: Strain hardening rate-true stress curves of the HR+ST steel 
 L-Mn-Al for different grain sizes 
Figure 100 shows true stress-true strain curves after yield point of the 
steel L-Mn-Al from the experiment compared with the ones predicted by 
the model. The flow curves from the prediction are fit well to those from 
the experiment. 
Besides the effect of grain size, the effect of test temperature on the 
strain hardening parameters of the model will be proposed in this 
present research. 
Figure 101 shows strain hardening-true stress curves of the steel L-Mn-
Al from the experiment compared with the ones fitted by the model. The 
parameters used for the investigated steel are indicated in the same 
figure. It is observed that Ho, So and Sotw’ are decreased with increasing 
temperature.  
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Figure 100:  True stress-true strain curves of the steel L-Mn-Al for 
 different grain sizes 
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Figure 101: Strain hardening-true stress curves of the steel L-Mn-Al 
 from the experiment and the fit curves by the model 
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Figure 102 shows true stress-true strain curves after yield point of the 
steel L-Mn-Al from the experiment compared with the ones predicted by 
the model. The flow curves from the prediction fit well to those from the 
experiment. 
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Figure 102:  True stress-true strain curves of the steel L-Mn-Al for 
 different test temperatures 
Figure 103 shows strain hardening-true stress curves of the steel H-Mn-
Al from the experiment and the fit curves from the model. The 
parameters used for the investigated steel are also indicated in the 
figure. It can be seen that ho, So and Sotw’ are also decreased with 
increasing temperature. The true stress-true strain curves after yield 
point of the steel L-Mn-Al from the experiment compared with the ones 
predicted by the model are shown in Figure 104. The flow curves from 
the prediction are well fit to those from the experiment. 
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Figure 103: Strain hardening-true stress curves of the steel H-Mn-Al 
 from the experiment and from the fit curves by the model 
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Figure 104: True stress-true strain curves of the steel H-Mn-Al from the 
 experiment compared with the ones predicted by the model 
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According to the model by Kalidindi it is expected that So would be 
strongly influenced by solid solution concentration in the alloy. The value 
of ho (reflecting the initial hardening rate) is expected to be strongly 
influenced by the stacking fault energy of the metal in addition to its 
shear modulus. 
For all temperatures, the value of (Sotw’ − So), which depicts the 
dislocation density associated with twinning, is decreased with 
increasing grain size. 
• Short summary 
By using the strain hardening model by Kalidindi, the strain hardening 
behaviour of the investigated steels was analysed. The parameters ho, 
So, Sotw, Sso can be determined from the strain hardening rate-true stress 
curves from the experiment. The value of Sptw’ was trial to fit to the 
experiment curves and it was found that the value of Sptw’ of 1800 MPa 
can fit well. Thus, the analysis in this present work used the constant 
value of Sptw’ (1800 MPa), and then find the value of Str’ for each 
condition. 
From the analysis of strain hardening behaviour by deformation twinning 
in the present investigation it was found that the parameters Sotw and So 
are decreased with increasing grain size, which is corresponding to the 
results by Kalidindi. In addition, it is proposed by this present 
investigation that the parameters ho, Sotw, So, Sso and Str’ are decreased 
with increasing temperature. 
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7. Conclusions 
Different aspects about deformation mechanism and mechanical 
properties of high Mn austenitic steels have been investigated in this 
work. Based on the results, the following conclusions can be drawn: 
For the chemical compositions used, the microstructure of the 
investigated steels are composed of single phase austenite or nearly 
single phase austenite prior deformation. The steels exhibit a good 
combination of tensile strength and ductility. Tensile strength (Rm) 
between 750-1050 MPa and total elongation (A50) of 50-75% can be 
achieved, which is significantly higher than in conventional deep drawing 
grades. The investigated steels exhibit high strain hardening exponents 
(n-values) that are maintained up to high strain values, which results in 
high ductility. 
For the investigation of effects of thermal treatment after hot rolling on 
the mechanical properties, it was found that all as-hot rolled steels 
possess quite good ductility, thus, the solution treatment before cold 
rolling is considered to be unnecessary. 
For the steels with solution treatment (ST) after hot rolling, it was found 
that the yield stress of the steels is significantly decreased after solution 
treatment. A solution treatment can improve the product of tensile 
strength and total elongation of the hot rolled (HR) steels, mainly caused 
by an improvement in ductility. It is assumed that the improvement is 
due to the adjustment of grain size (which depends on austenite stability 
of the steel) and the improvement in the distribution of alloying elements, 
e.g. carbon, by solution treatment. 
In the experiment with varying solution treatment temperature, it was 
found that a solution treatment with a very high temperature, e.g. at 
1100 °C for the steel Mn-C (Fe-18.9Mn-0.62C-0.02Ti-0.005B, in mass%), 
results in a significant increase in the ε-martensite fraction during 
quenching. This deteriorates the ductility of the steel. A solution 
treatment with a quite low temperature in the austenitic range, e.g. at 
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700 °C for the steel L-Mn-Al (Fe-26.5Mn-3.6Al-2.2Si-0.38C-0.005B), 
results in inhomogeneous microstructure with mixed grain sizes. The 
maximum value of Rm x A50 of 65000 MPa% can be obtained from the 
HR steel Mn-C with solution treatment (ST) at 700 °C. 
Serrated flow curves by tensile tests are observed in the steel Mn-C for 
a particular temperature range, while they do not appear in the steels    
L-Mn-Al and Fe-30.0Mn-3.1Al-1.9Si (H-Mn-Al) in the range of 
investigation. By decreasing test temperature to -40 °C serrated flow of 
the steel Mn-C is suppressed. Therefore, serrated flow depends on the 
chemical composition, e.g. Al content, and also test temperature. 
The mechanical properties of the deformation induced plasticity steels 
i.e. TRIP and TRIP steels are significantly dependent on test 
temperature. Varying test temperature has a significant influence on 
changing deformation mechanism, e.g. the dominant deformation 
mechanism of steel Mn-C is changed from TWIP at RT to TRIP at -40 °C. 
By the way, for the range of investigation varying initial grain size before 
deformation does not change the dominant deformation mechanism 
during tensile test at room temperature (RT), but it has a considerable 
influence on the mechanical properties. 
For the tensile test of the steel Mn-C at -40 °C, α'-martensite is observed 
within ε-martensite, thus, the deformation mechanism is supposed to be 
double martensitic transformation by γ→ε→α'. In this investigation the 
double martensitic transformation gives worse mechanical properties 
compared with the properties of the steel deformed by TWIP and/or       
ε-TRIP mechanism. 
The influence of stress mode on formability was investigated by 
Nakajima tests and plotting forming limit diagrams (FLDs). It was found 
that the steel Mn-C can deformed without necking with the minimum 
value of major strain (ϕ1) of about 0.25 at about plane strain mode (ϕ2=0). 
For the steel L-Mn-Al the minimum value of major strain is 0.35 at about 
stretch forming mode (ϕ1 = ϕ2). The forming limit curve of the steel L-Mn-
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Al possesses higher values of major strain compared with those of the 
steel Mn-C. 
For the investigation of metallographic phases after solution treatment 
and after tensile test, colour etching and EBSD analysis revealed the 
mechanisms contributing to the overall plasticity of the investigated 
steels on the microscale. The plasticity of the steels L-Mn-Al and H-Mn-
Al is controlled mainly by TWIP mechanism under the examined 
experimental conditions, whereas for the steel Mn-C, TWIP and TRIP 
mechanisms concurrently occur with different degrees depending on the 
test temperature of the tensile test. 
The general conclusion for optimum cold formability is that the 
microstructure should consist of a large fraction of austenite or single 
phase austenite for a good combination of strength and ductility. The 
appropriate grain size is dependent on the austenite stability or the steel 
chemical composition. The strain induced γ→ε→α′ martensitic 
transformation should be avoided if high formability is required. 
In the future, it would be interesting to investigate effects of alloying 
elements on specific phenomena, e.g. effects of aluminium on delay 
cracking of high Mn steels. 
 
 References  133 
 
8. References 
 
[1]  Grässel, O., Krüger, L., Frommeyer, G. and Meyer, L.W.: “High 
strength Fe-Mn-(Al, Si) TRIP/TWIP steels development - 
properties - application”, International Journal of Plasticity 16 
(2000), pp. 1391-1409. 
[2] Frommeyer, G. and Brüx, U.: “Microstructures and mechanical 
properties of high-strength Fe-Mn-Al-C light-weight TRIPLEX 
steels”, Steel Research Int. 77 (2006) No. 9-10, pp. 627-633. 
[3] Bleck, W. and Phiu-on, K.: “Grain refinement and mechanical 
properties in advanced high strength sheet steels”, HSLA Steels 
2005, Fifth International Conference on HSLA Steels, 08.-10. Nov. 
2005, Sanya, Hainan, Peking, China: The Chinese Society for 
Metals 2005, pp. 50-57. 
[4] Hofmann, H., Göklü, S., Gerlach, J. and Brüx, U.: “Properties of 
light steels with induced plasticity (LIP steels)”, Proceedings 
IDDRG International Deep Drawing Research Group 2004 
Conference, Germany, May 24-26, 2004, pp. 270-279. 
[5] Kuntz M.: Verformungsmechanismen hoch manganlegierter 
austenitischer TWIP-Stähle, ISBN 3899596919, Der Andere 
Verlag; Auflage: 1 (Januar 2008). 
[6] Vercammen, S.: ”Processing and tensile behaviour of TWIP steels 
Microstructural and textural analysis”, Ph.D. thesis, Katholieke 
Universiteit Leuven, Belgium, 2004, ISBN 90-5682-549-6. 
[7]  Bracke, L., Mertens, G., Penning, J., De Cooman, B.C., Liebeherr, 
M. and Akdut, N.: “Influence of phase transformation on the 
mechanical properties of high-strength austenitic Fe-Mn-Cr steel”, 
Metallurgical and Meterials Transactions, 37A (2006), pp. 307-317. 
[8]  Cabañas Poy, N.: “Compositional effects on structure-property 
relationship in Mn-based austenitic alloys”, Ph.D. thesis, Ghent 
University, 2004. 
[9] Cuitiño, A.M.: “Effect of temperature and stacking fault energy on 
the hardening of FCC crystals”, Materials Science and Engineering 
A216 (1996), pp. 104-116. 
[10] Hirth, J.P. and Lothe, J.: Theory of dislocations, 1968, New-York, 
McGraw-Hill. 
[11] Malinov, L.S. and Kharlanova, E.Ya.: “Development of the 
martensitic transformation in deformation in Fe-Mn steels of 
 
 References   134 
 
 
different composition”, Zhdanov Metallurgical Institute. Translated 
from Metallovedenie i Termicheskaya Obrabotka Metallov, No. 1, 
January, 1988, pp. 11-14. 
[12] Schumann, H.: “The metallography of γ→ε→α transformation in 
high-alloyed steels“,Praktische Metallographie., No. 6, 1967, pp. 
275-283. 
[13] Lecroisey, F. and Pineau, A.: “Martensitic transformations induced 
by plastic deformation in the Fe–Ni–Cr–C system”, Metallurgical 
Transactions, Vol. 3 (1972), pp. 387-396. 
[14]  Pétein, A.: On the interactions between strain-induced phase 
transformations and mechanical properties in Mn-Si-Al steels and 
Ni-Cr austenitic stainless steels, Doctor thesis, Université 
catholique de Louvain, Département des sciences des matériaux 
et des procédés, 2006. 
[15] Brandt, M.L. and Olson, G.B.: “Bainitic stabilization of austenite in 
low alloy sheet steels”, Iron&Steelmaker, Vol. 20 (1993), No. 5, pp. 
55-60. 
[16]  De Cooman, B.C., Speer, J.G., Yoshinaga, N. and Phychmintsev, 
I.Y.: Fundametals of Steel Product Metallurgy, Course book, 2004. 
[17] Bavay, J.C.: “Austenitic stainless steels in stainless steel“, 
Lacombe, P., Baroux, B. and Beranger, G., Eiditors, Les Editions 
de Physique, Les Ulis, France, 1993, pp. 549-591. 
[18] Payson, P. and Savage, C.H.: “Martensitic reactions in alloy steels”, 
Transactions ASM, Vol. 33, 1994, pp. 261-275. 
[19]  Angel, T.: “Formation of martensite in austenitic stainless steels”, J. 
Iron and Steel Inst., London, 177, 1954, p. 165-174. 
[20]   Vasilakos, A.N., Papamantellos, K., Haidemenopoulos, G.N. and 
Bleck, W.: Steel Research 70 (1999) No. 11, pp. 466-471. 
[21]  Meyers, M.A., Benson, D.J., Vöhringer, O. Kad, B.K., Xue, Q. and 
Fu, H.H., “Constitutive description of dynamic deformation: 
physically-based mechanisms”, Materials Science and Engineering 
A322 (2002), pp. 194-216. 
[22]  Christian, J.W. and Mahajan, S.: “Deformation twinning”, Progress 
of Material Science. 39 (1995), pp. 1-157. 
[23] Hähner, P.: “On the physics of the Portevin-Le Châtelier effect part 
1: The statistics of dynamic strain ageing”, Materials Science and 
Engineering A207 (1996), pp. 208-215. 
 
 References  135 
 
 
[24] Rodriguez, P.: “Serrated plastic flow”, Bull. Mater. Sci., Vol. 6, No. 
4 (1984), pp. 653-663. 
[25] Shun, T.S., Wan, C.M. and Byrne, J.G.: “Serrated flow in austenitic 
Fe-Mn-C and Fe-Mn-Al-C alloys”, Scripta Metallurgica et Materialia, 
Vol. 25, Issue 8, 1991, pp. 1769-1774. 
[26] Zhu, S.M. and Tjong, S.C.: “Serrated flow in Fe-28%Mn-9Al-xC 
alloys in a temperature range of 573-873 K”, Scripta Materialia, Vol. 
36, No. 3 (1997), pp. 317-321. 
[27] Stringfellow, R.G., Parks, D.M. and Olson, G.B.: “A constitutive 
model for transformation plasticity accompanying strain-induced 
martensitic transformations in metastable austenitic steels”, Acta 
Metall. 40 (1992), p. 1703-1716. 
[28]  Allain, S., Chateau, J-P., Bouaziz, O., Migot, S. and Guelton, N.: 
“Correlations between the calculated stacking fault energy and the 
plasticity mechanisms in Fe-Mn-C alloys”, Materials Science and 
Engineering A, A387-389 (2004), pp. 158-162. 
[29]  Tamura, I.: “Deformation-Induced Martensitic Transformation and 
Transformation-Induced Plasticity in Steels”, Metal Science 16 
(1982), pp. 245-253. 
[30] Rémy, L. and Pineau, A.: “Twinning and strain-induced F.C.C. → 
H.C.P. transformation in the Fe-Mn-Cr-C system”, Materials 
Science and Engineering, Vol. 28, Issue 1, 1977, pp. 99-107. 
[31] Pickering, F.B., in: G.L. Dunlop (Ed.), Stainless Steels 84. 
Chalmers University of Technology, Göteborg, 3-4 September, 
1984, The Institute of Metals, London, UK, 1985, p. 12. 
[32] Dai, Q.X., Wang, A.D., Cheng, X.N. and Luo, X.M.: “Stacking fault 
energy of cryogenic austenitic steels”, Chinese Physics, Vol 11 No. 
6, June 2002, pp. 596-600. 
[33] Dai, Q. X., Cheng, X. N., Luo, X.M. and Zhao, Y. T.: “Structural 
parameters of the martensite transformation for austenitic steels” 
Materials Characterization, Vol. 49, 2002, Issue 4, pp. 367-371. 
[34] Rémy, L. and Pineau, A.: “Temperature dependence of stacking 
fault energy in close-packed metals and alloys”, Materials Science 
and Engineering, 36 (1), 1978, pp. 47-63. 
[35] Dumay, A., Chateau, J.-P., Allain, S., Migot, S. and Bouaziz, O.: 
“Influence of addition elements on the stacking-fault energy and 
mechanical properties of an austenitic Fe-Mn-C steel”, Materials 
 
 References   136 
 
 
Science and Engineering A (2007), doi:10.1016/ 
j.msea.2006.12.170 
[36] Schumann, H.: “Gefüge und Eigenschaften niedriggekohlter Stähle 
mit 25 bis 50% Mn”, Neue Hütte, 14. Jg., Heft 9, 1969, pp. 542-546. 
[37] Chen, S., Chung, C.Y., Yan, C. and Hsu (Xu Zuyao), T.Y.: “Effect 
of f.c.c. antiferromagnetism on martensitic transformation in Fe-
Mn-Si based alloys”, Materials Science and Engineering A, Vol. 
264, 1999, Issues 1-2, pp. 262-268. 
[38] Cotes, S., Guillermet, A.F. and Sade, M.: Fcc/hcp martensitic 
transformation in the Fe-Mn system: Part II. Drivning force and 
thermodynamics of the nucleation process, Metallurgical and 
Materials Transactions A, 2004, Vol. 35A, No. 1, pp. 83-91. 
[39] Warnes, L.A.A. and King, H.W.: “The low temperature magnetic 
properties of austenitic Fe-Cr-Ni alloys : 2. The prediction of Néel 
temperatures and maximum susceptibilities”, Cryogenics, Vol. 16, 
Issue 11, 1976, pp. 659-667. 
[40] Zhang, Y.S., Lu, X. Tian, X. and Qin, Z.: “Compositional 
dependence of the Néel transition, structural stability, magnetic 
properties and electrical resistivity in Fe-Mn-Al-Cr-Si alloys”, 
Materials Science and Engineering A334 (2002), pp. 19-27. 
[41]  Huang, W.: “An assessment of the Fe-Mn system”, CALPHAD 13 
(1989), pp. 243-252. 
[42] Durlu, T.N.: “Effect of austenite grain size on ε martensite 
formation in an Fe-Mn-Mo alloy”, Journal of Materials Science 
Letters 16 (1997). pp. 320-321. 
[43]  Jun, J.-H. and Choi, C.-S.: “Variation of stacking fault energy with 
austenite grain size and its effect on the MS temperature of γ→ε 
martensitic transformation in Fe-Mn alloy”, Materials Science and 
Engineering A257 (1998), Issue 2, pp. 353-356. 
[44]  Volosevich, P.Y., Grindnev, V.N. and Petrov, Y.N.: “Manganese 
influence on stacking-fault energy in iron-manganese alloys”, Phys. 
Met. Metallogr., 1976. Vol. 42. pp. 126-130. 
[45] Varma, S.K., Kalyanam, J., Murr, L. and Srinivas, V.: “Effect of 
grain size on deformation-induced martensite formation in 304 and 
316 stainless steels during room temperature tensile testing”, 
Journal of Materials Science Letters, 13 (2), 1994, pp. 107-111. 
 
 References  137 
 
 
[46] Nohara, K., Ono, Y. and Ohashi, N.: “Composition and grain-size 
dependencies of strain-induced martensitic transformation in 
metastable austenitic stainless steels”, J. Iron Steel Inst. Jpn, 1977, 
Vol. 63, pp. 212-222. 
[47] Choi, H.C., Ha, T.K., Shin, H.C. and Chang, Y.W.: “The formation 
kinetics of deformation twin and deformation induced ε-martensite 
in an austenitic Fe-C-Mn steel”, Scripta Materialia, Vol. 40, No. 10, 
1999, pp. 1171–1177. 
[48] Ferreira, P.J., Vander Sande, J.B., Amaral Fortes, M. and 
Kyröläinen, A.: “Microstructure Development during High-Velocity 
Deformation”, Metallurgical and Materials Transactions A, 35 (10), 
2004, pp. 3091-3101. 
[49] Rohatgi, A. and Vecchio, K.S.: “The variation of dislocation density 
as a function of the stacking fault energy in shock-deformed FCC 
materials”, Materials Science and Engineering A328 (2002), pp. 
256–266. 
[50] Han, H.N., Lee, C.G., Oh, C.S., Lee, T.H. and Kim, S.J.: “A model 
for deformation behaviour and mechanically induced martensitic 
transformation of metastable austenitic steel”, Acta Meterialia, Vol. 
52, 2004, pp. 5203-5214. 
[51]  http://www.key-to-steel.com/articles/art42.htm, accessed on July 
 30, 2007. 
[52] Nes, E., “Modelling of work hardening and stress saturation in FCC 
metals“, Progress in Materials Science, Vol. 41 (1998), pp. 129-
193. 
[53] Talonen, J.: Effect of strain-induced α’-martensite transformation 
on mechanical properties of metastable austenitic stainless steels, 
Doctoral dissertation, Helsinki University, 2007, ISBN 978-951-22-
8779-6. 
[54] Asgari, S., El-Danaf, E., Kalidindi, S.R. and Doherty, R.D., “Strain 
hardening regimes and microstructural evolution during large strain 
compression of low stacking fault energy fcc alloys that form 
deformation twins”, Metallurgical and Materials Transactions A Vol. 
28A, September 1997, pp. 1781-1795. 
[55] Kalidindi, S.R., “Modeling the strain hardening response ol low 
SFE FCC alloys”, International Journal of Plasticity, Vol. 14, No. 12 
(1998), pp. 1265-1277. 
 
 References   138 
 
 
[56] El-danaf, E., Kalidindi, S. R. and Doherty, D.: “Influence of grain 
size and stacking fault energy on deformation twinning in fcc 
metals”, Metallurgical and Materials Transactions 30A (1999), 5, p. 
1223-1233. 
[57] Kim, T.W., Han, J.K., Chang, R.W. and Kim, Y.G.: “Manufacturing 
process for austenitic high manganese steel having superior 
formability, strengths and weldability”, US Patent, 1995, No. 
5431753. 
[58] Cugy, P. Hildenbrand, A., Bouzekri, M., Cornette, D., Göklü, S. and 
Hofmann, H.: “A super-high strength Fe-Mn-C austenitic steel with 
excellent formability for automobile applications”, Proc. Int. Conf. 
Super-High Strength Steels, AIM&CSM, Rome, November 2-5, 
2005. 
[59] Schumann, H.: “Martensitische Umwandlungen in austenitischen 
Mangan-Kohlenstoff-Stählen“, Neue Hütte, 17.Jg, Heft 10, 1972, 
pp. 605-609. 
[60] Oh, B.W., Cho, S.J., Kim, Y.G., Kim, Y.P., Kim, W.S. and Hong, 
S.H.: “Effect of aluminium on deformation mode and mechanical 
properties of austenitc Fe-Mn-Cr-Al-C alloys”, Materials Science 
and Engineering A197 (1995), pp. 147-156. 
[61] Sato, K., Ichinose, M., Hirotsu, Y. and Inque, Y.: “Effects of 
deformation induced phase transformation and twinning on the 
mechanical properties of austenitic Fe-Mn-Al alloys”, ISIJ 
International, Vol. 29(1989), No. 10, pp. 868-877. 
[62] Takaki, S. Furuya, T. and Tokunaga, Y., “Effect of Si and Al 
additions on the low temperature toughness and fracture mode of 
Fe-27Mn alloys”, ISIJ International, Vol. 30 (1990), No. 8, pp. 636-
637. 
[63] Chen, F.C. and Chou, C.P.: “Effect of aluminium on TRIP Fe-Mn-Al 
alloy steels at room temperature”, Materials Science and 
Engineering, A160 (1993), pp. 261-270. 
[64] Kim, S.K., Cho, J.W., Kwak, W.J., Kim, G., and Kwon, O., 
“Development of TWIP Steel for Automotive Application”, METEC, 
METEC InSteelCon 2007, Proceedings 3rd International Steel 
Conference on New Developments in Metallurgical Process 
Technologies, 11-15 June 07, Düsseldorf, Germany, pp. 690-697. 
[65] Hamada, A.S.: “Manufacturing, mechanical properties and 
corrosion behaviour of high-Mn TWIP steels”, Dissertation, 2007, 
 
 References  139 
 
 
Faculty of Technology, Department of Mechanical Engineering, 
University of Oulu, ISBN 978-951-42-8583-7 (Paperback), ISBN 
978-951-42-8584-4 (PDF) 
[66] Charles, J., Berghe′zan, A. and Lutts, A.: “Structural and 
Mechanical Properties of High-Alloy Manganese-Aluminum Steels”, 
J Phys 43, 1982, C4-435. 
[67]  Kinoshita, K., Yoshii, Y., Kitaoka, H., Kawaharada, A., Nishikawa, 
K. and Tanigawa, O.: “Continuous casting of high-alloy steels”, 
Journal of Metals, March 1984, pp. 38-43. 
[68]  Kato, T., Fujikura, M. Yahagi, S.I. and Ishida, K.: “Effect of alloying 
element and solution-annealing temperature on the mechanical 
properties of austenitic Fe-Mn-C alloy“, ISIJ, Vol. 67 (1981) No. 3, 
pp. 587-595. 
[69] Kim, T.W., Kim, Y.G. and Park, S.H.: “Process for manufacturing 
high manganese hot rolled steel sheet without any crack”, US 
Patent, 1997, No. 5647922. 
[70] Martinez, L.G., Imakuma, K. and Padilha, A.F.: “Influence of 
niobium on stacking-fault energy of all-austenitic stainless steels”, 
Steel Research 63 (1992), No. 5, pp. 221-223. 
[71] Hoffmann, H., Engl, B., Menne, M., Heller, T. and Zimmermann, W.: 
“Highly stable, strips or steel sheets cold-formed, method for the 
production of steel strips and uses of said steel”, US Patent, 2003, 
No. US 2003/0145911 A1. 
[72] Khorosh, A., Bulat, S.I., Mukhina, M.A., Sorokina, N.A. and 
Yushchenko, K.A., “Hot rolling of chromium-nickel-manganese 
stainless steel containing boron”, Steel in the USSR, December 
1976, pp. 677-678. 
[73] Tarboton, J.N., Matthews, L.M., Sutcliffe, A., Frost, C.M.P. and 
Wessels, J.P., “The hot workability of CromaniteTM, a high nitrogen 
austenitic stainless steel”, Materials Science Forum Vols. 318-320 
(1999), pp. 777-784. 
[74] Bliznuk, V.V., Glavatska, N.I., Söderberg, O. and Lindroos, V.K.: 
Effect of nitrogen on damping, mechanical and corrosive properties 
of Fe-Mn alloys, Material Science and Engineering, A338 (2002), 
pp. 213-218. 
[75] Tsuchiyama, T. Ito, H., Kataoka, K. and Takaki, S.: “Fabrication of 
ultrahigh nitrogen austenitic steels by nitrogen gas absorption into 
 
 References   140 
 
 
solid solution”, Metallurgical and Materials Transactions A, Vol. 
34A, November 2003, pp. 2591-2599. 
[76] Gigacher G., Bernhard C. and Kriegner W.: “Eigenschaften 
hochmanganhaltiger Stähle unter stranggießähnlichen 
Bedingungen“, BHM, 149. Jg. (2004), Heft 3, S. 112-117. 
[77] Bleck, W., Phiu-on, K., Heering, C. and Hirt, G.: “Hot workability of 
as-cast high manganese-high carbon steels, Steel Research 
International 78 (2007), Nr. 7, S. 536-545. 
[78] Mintz, B.: “Importance of Ar3 temperature in controlling ductility and 
width of hot ductility trough in steels, and its relationship to 
transverse cracking”, Materials Science Technology, 12 (1996), No. 
2, pp. 132-138. 
[79]  Akhlaghi, S. and Yue, S.: “Effect of thermomechanical processing 
on the hot ductility of a Nb-Ti microalloyed steel”, ISIJ International, 
Vol. 41 (2001), No. 11, pp. 1350-1356. 
[80] Avery, H.S.: “Austenitic manganese steel“, Metals Handbook, Vol. 
1, 8th edition, ASM, 1961, p. 834. 
[81] Kroos, J., Spitzer, K.-H., Frommeyer, G., Flaxa, V., Brüx, U. and 
Brockmeier, K.: “Method for the generation of hot strips of light 
gauge steel”, Patent No. WO2005/061152 A1, 2005. 
[82] Rawers, J.C. and Rawers, L.J.: “Effect of nitrogen overpressure on 
iron alloys during melting“, Journal of Materials Science Letters., 
10 (1991), pp. 1101-1102. 
[83] Menzel, J., Kirschner, W., and Stein, G.: “High nitrogen containing 
Ni-free austenitic steels for medical applications”, ISIJ International, 
Vol. 36 (1996), No. 7. pp. 893-900. 
[84] Olson, G.B. and Cohen, M.: “A general mechanism of martensitic 
nucleation: Part I. General concepts and the FCC→HCP 
transformation”, Metallurgical Transactions A, 7A (1976), pp. 1897-
1904. 
[85] Gräßel, O.: “Entwicklung und Charakterisierung neuer TRIP/TWIP 
Leichbaustähle auf der Basis Fe-Mn-Al-Si”, Dissertation, Clausthal, 
Techn. Univ., 2000, IBSN 3-89720-404-5. 
[86] Li, L. and Hsu, T.Y.: "Gibbs free energy evaluation of the FCC(γ) 
and HCP(ε) phases in Fe-Mn-Si alloys", Calphad 21 (1997), pp. 
443-448. 
 
 References  141 
 
 
[87] Ohnuma, I. Ikeda, O., Kainuma, R., Sundman, B. and Ishida, K.: 
“Interaction between magnetic and chemical ordering using the 
compound energy model”, Z. Metallkd. 89 (1998) 12, pp. 847-854. 
[88] Bleck, W.: Werkstoffprüfung in Studium und Praxis, ISBN 3-89653-
563-3, 13., überarbeitete Auflage, 2003 Verlag Mainz. 
[89] Angeli, J., Kneissl, A.C. and Füreder, E.: “Ätztechniken für die 
Phasencharakterisierung von niedriglegierten, hochfesten 
Mehrphasenstählen“, www.dgm.de/download/tg/686/686_71.pdf, 
accessed on July 6, 2007. 
[90] Schumann, H. and Goodknecht, K., “Metallographischer Nachweis 
von hexaganalem Epsilon-Martensit in austenitischen 
Manganstählen”, Praktische Metallographie 3 (1966), pp. 147-153. 
[91] OIMTM EDAX, „Confidence index“, Feature note, 
 http://www.edax.com/files/edx/confidence_index.pdf, accessed on 
 June 8, 2008. 
[92] Field, D.P. “Recent advances in the application of orientation 
imaging”, Ultramicroscopy 67 (1997), pp. 1-9. 
[93] Blochwitz, C. and Tirschler, W., “Twin boundaries as crack 
nucleation sites“, Cryst. Res. Technol. 40, No. 1/2 (2005), pp. 32-
41. 
[94] Randle, V.: Microtexture Determination and its Applications, 2nd 
ed. London: Institute of Materials, 2003. 
[95] Advanced Twin Boundaries Determination, http://www.edax.com/ 
Snippet.cfm?Snippet_ID=1344, accessed on Nov. 21, 2007 
[96] El Wahabi, M., Gavard, L., Cabrera, J.M., Prado, J.M. and 
Montheillet, F.:, “EBSD study of purity effects during hot working in 
austenitic stainless steels“, Materials Science and Engineering A 
393 (2005), pp. 83-90. 
[97] Pétein, A. and Jacques, P.J.: “On the relationship between 
mechanical properties and mechanisms of plastic deformation in 
metastable austenitic steels”, Steel Research Int. 75 (2004), No. 
11, pp. 724-729. 
[98] Cullity, B.D., Elements of X-ray diffraction, Addison-Wesley 
Publishing Company, Inc., 1956, p. 55. 
[99] Meyers, M.A. and McCowan, C.: “The formation of annealing twins: 
overview and new thoughts”, International Symposium on Interface 
Migration and Control or Microstructure, held in conjunction with 
 
 References   142 
 
 
ASM’s Metals Congress and TMS/AIME Fall Meeting Detroilt, 
Michigan, USA, 17-21 September 1984, pp. 1-25. 
[100]  Takaki, S., Nakatsu, H. and Tokunaga, Y.: “Effects of austenite 
grain size on ε martensitic transformation in Fe-15%mass Mn 
alloy”, Materials Transactions, JIM, Vol. 34, No. 6 (1993), pp. 489-
495. 
[101] Lee, Y. K. and Choi, C. S.: “Driving force for gamma→epsilon 
martensitic transformation and stacking fault energy of gamma in 
Fe-Mn binary system”, Metallurgical and Materials Transactions, 
31A (2000), pp. 355–360. 
[102] Jang, W.Y., Gu, Q., Humbeeck, J.V. and Delaey, L.: “Microscopic 
observation of γ-phase, and ε- and α′-martensite in Fe-Mn-Si-
based shape memory alloys”, Materials Characterization, 34 
(1995), Issue 2, pp. 67-72. 
[103] Kirindi, T., Güler, E. and Dikici, M., “Effect of homogenization time 
on the both martensitic transformations and mechanical properties 
of Fe-Mn-Si-Cr-Ni shape memory alloy”, Journal of Alloys and 
Compounds 433 (2007), pp. 202-206. 
[104] Ryde, L.: “Application of EBSD to analysis of microstructures in 
commercial steels” Materials Science and Technology, 22 (2006), 
pp. 1297-1306. 
[105] Scott, C., Allain, S., Faral, M. and Guelton, N.: “The development 
of a new Fe-Mn-C austenitic steel for automotive applications”, 
Revue de Métallurgie 6 (June 2006), pp. 293-302. 
[106] Volynova, T.F.: Metallovedenie i Termicheskaya Obrabotka 
Metallov, No. 6 (1984), pp. 58-63. 
[107]  Bracke, L. Mertens, G., Penning, J., De Cooman, B.C., Liebeherr, 
M. and Akdut, N.: “Influence of phase transformation on the 
mechanical properties of high-strength austenitic Fe-Mn-Cr steel”, 
Matallurgical and Materials Transactions, 37A, Feb 2006, 2, pp. 
307-317. 
[108] Weiß, A., Gutte, H. and Scheller, P.R.: “Deformation induced 
martensitic formation and its effect on transformation induced 
plasticity (TRIP)”, Steel Research Int. 77 (2006) No. 9-10, pp. 727-
732. 
 
 References  143 
 
 
[109] Shun, T., Wan, C.M. and Byrne, J.G., “A study of work hardening 
in austenitic Fe-Mn-C and Fe-Mn-Al-C alloys”, Acta Metallurgica et 
Materialia, Vol. 40 (1992), Issue 12, pp. 3407-3412. 
[110] Mohammed, A.-A.S., El-Danaf, E.-A. and Radwan, A.-K.A.: 
“Equivalent twinning criteria for FCC alloys under uniaxial tension 
at high temperatures”, Materials Science and Engineering A 457 
(2007), pp. 373–379. 
Lebenslauf 
 
Persönliche Angaben 
 
Name:   Kriangyut Phiu-on 
Geburtsdatum:  19.01.1973 
Geburtort:   Samutprakan, Thailand 
Familienstand  Ledig 
Staatsangehörigkeit Thailändisch 
 
Ausbildung 
 
1991-1995 Studium der Metallurgie an der Chulalongkorn 
University, Bangkok-Thailand Abschluss: 
Bachelor of Engineering 
1995-1998 Studium der Metallurgie an der Chulalongkorn 
University, Bangkok-Thailand Abschluss: Master 
of Engineering 
1996-1997 Masterarbeit am Institut für Eisenhüttenkunde, 
RWTH Aachen: Schwerpunkt im Bereich 
dynamische Rekristallisation und dynamische 
Erholung während der Umformung 
Seit Oct 2003  Tätigkeit als Gastwissenschaftler am Institut für  
    Eisenhüttenkunde mit Schwerpunkt im Bereich  
    hochmanganhaltige TRIP/TWIP-Stähle 
 
Berufserfahrung 
 
1995–2000 Process Technologist and Metallurgist, 
Nakornthai Strip Mill Public Company, Chonburi-
Thailand 
2000-2001   Metallurgical Engineer, Thainox Steel Limited.,  
    Rayong-Thailand 
2001-2003   Researcher, Iron and Steel Institute of Thailand, 
    Bangkok-Thailand 
